Huang LW, Elkedim O. Mg-Ni-based systems for hydrogen storage. Chapter
to be published in Handbook of Nanomaterials for Hydrogen Storage.

64






Mg-Ni-based systems for hydrogen storage

L.W. Huang *’, O. Elkedim *°

*FEMTO-ST, MN2S, Université¢ de Technologie de Belfort-Montbéliard, Site de Sévenans, 90010
Belfort cedex, France

*Corresponding author. Tel.: +33 3 84583545 ;  Fax: + 33 3 84583000

E-mail address: liwu.huang@utbm.fr (L.W. Huang); omar.elkedim@utbm.fr (O. Elkedim)

1. Introduction

Mg-Ni-based alloys are considered to be promising candidates for hydrogen storage
applications because of their low cost, light weight and rich mineral resources, as well
as high theoretical hydrogen storage capacity (assuming the formation of Mg,NiHy, it
is 3.6 mass%, equivalent to 999 mAh/g for the discharge capacity, which is
approximately 2.7 times that of LaNis [1]). However, the high thermodynamical
stability, sluggish hydriding/dehydriding kinetics and poor cycle stability of
Mg-Ni-based alloys become the obstacle for the practical use for hydrogen storage.

In this chapter, firstly, the fundamental data on Mg-Ni-based systems and their
hydrides are briefly summarized, including phase diagrams, crystal structures and
thermodynamical properties etc. Meantime, the phase compositions of Mg-Ni-based
alloys, especially nanostructured and amorphous phases are discussed. Secondly, the
methods of improving hydrogen storage properties of Mg-Ni-based systems, such as
(1) partial element substitution; (2) adding suitable catalysts; (3) adding carbon
materials; (4) different preparing methods for synthesizing Mg-Ni-based alloys, are
presented. Thirdly, first principles investigation on Mg-Ni-based alloys (including
substitutional doping of other elements) and their hydrides (e.g. high temperature
(HT)-Mg;NiH; and low temperature (LT)-Mg,NiHs ) is discussed. Finally, the

conclusions are given.



2. Fundamental data of Mg,Ni and its hydrides

Fig.1 shows the Mg-Ni binary phase diagram, and it can be seen that there are two
stable compounds, namely MgNi, and Mg,Ni. MgNi, does not react with H, at
pressures up to 27.6 bar and temperatures up to 350°C. Whereas, Mg,Ni reacts readily
with H; at 20.7 bar and 325°C [2].
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Fig. 2 Models of the unit cell of Mg;Ni



The structure of Mg, Ni phase is shown in Fig. 2. Its unit cell belongs to the space
group P6,22 with lattice parameters a=5.216(6) A, c=13.20(6) A [3]. The Mg,Ni unit
cell contains 6 formula units, and therefore it can be expressed as Mg;>Nig. The 12
Mg atoms occupy 6f and 6i lattice sites, while 6 N1 atoms occupy 3b and 3d lattice
sites. The different lattice sites are denoted by the balls in different colors as shown in
Fig.2.

Upon hydrogenation, in the first stage, hydrogen dissolves in the Mg,Ni phase to
the extent that the ratio of H/(Mg + Ni)=0.1 according to the reaction (1.1)

Mg, Ni+0.15H, == Mg,NiH, , (1.1)

When hydrogen is absorbed by Mg;Ni beyond 0.3 H per unit formula, the system
undergoes a structural rearrangement to the stoichiometric complex hydride Mg,NiH4

according to the reaction (1.2)

0.54Mg,NiH, ,+H, == 0.54Mg,NiH, (1.2)

In a word, Mg,Ni reacts with hydrogen to form the hydride phase Mg,NiH, according

the reversible reaction (1.3)

Mg, Ni+2H, = Mg,NiH, (1.3)

Therefore the theoretical gravimetric hydrogen storage capacity of Mg;Ni alloy is
3.6%. Additionally, metastable oversaturated phases, such as Mg,NiH [5], Mg:NiH; »
[6] and Mg,NiH, g [7] have also been reported. Mg,NiH, hydride has two polymorphs:
low temperature (LT)-Mg,NiHs (monoclinic) and high temperature (HT)-Mg,NiHy4
(cubic). The transition temperature is between 210 and 240°C [8]. The unit cells of
these two polymorphs are exhibited in Fig. 3. It can be seen from Fig. 3a that the LT
phase has monoclinic symmetry with space group C2/c (a = 14.343 (5) A, b = 6.4038
(10) A, ¢ = 6.4830 (13) A, p = 113.52 (4)°) [8]. The monoclinic Mg,NiH, unit cell
contains 8 formula units, which can be expressed as Mg;¢NigHs,. It contains four
types of symmetry-independent H atoms (8f), which surround Ni atoms (8f) in nearly
regular tetrahedral configurations. The unit cell of the HT-Mg;NiHy4 is shown in Fig.

3b. Its unit cell belongs to the space group Fm-3m with lattice parameter a= 6.507 (2)
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A [9]. The metal atoms exhibit an anti-fluorite arrangement. Ni and Mg atoms occupy
the cation (4a) and anion (8c) sites, respectively, whereas the H distribution has not
been completely determined by diffraction methods. Garcia et al [10] calculated the
electronic properties of cubic Mg,NiH, for different hydrogen configurations and
concluded that the minimum-energy configuration corresponds to a tetrahedrally
distorted square-planar distribution of hydrogen atoms around the nickel atom. They
also indicated that the regular tetrahedral arrangement as shown in Fig. 3b produced a
semiconductor with an indirect gap of 1.17e¢V, which is in agreement with
experimental results [11]. In both HT and LT-Mg;NiH4, the bonding interaction
between Ni and H is stronger than that between Mg and H, and hydrogen is bonded
with nickel in a mixed ionic—covalent bonding to form a complex [NiH4]*" which in

turn bonds ionically to the Mg®" ions.
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Fig. 3 Models of the unit cells of LT-Mg,NiH, (a) and HT-Mg,NiHy (b)

Though Mg,NiH4 possesses a high hydrogen storage capacity, it is too stable in
terms of thermodynamics (requiring 280°C for 1bar hydrogen [12]). The enthalpy of
formation of Mg;NiHy is —64.5 kJ/mol H; [2], whereas the attractive enthalpy change
for hydrogen storage is between 30 and 48 kJ/mol H, [12]. Therefore, its
thermodynamic property should be improved at first in order to launch it into practical

application for hydrogen storage.

3. Amorphous and nanostructured phases of Mg-Ni-based systems

The hydrogen storage properties of conventional polycrystalline Mg,Ni are rather
poor, and therefore amorphous and nanocrystalline phases of Mg-Ni-based systems

are often introduced for improving the hydrogen storage properties.



Amorphous structures, metastable in terms of thermodynamics, differ from the
equilibrium, crystalline state essentially in the local configuration of atoms. The lack
of a crystallographically defined structural unit results in a distribution of local atomic
positions in the structure of the glass. As a consequence, amorphous structure can
provide a wide distribution of the available sites for hydrogen [13-15]. Therefore, the
hydrogenation behaviour of the amorphous structure is totally different from that of
the thermodynamically stable, crystalline material, although both materials may have
identical composition. The results of the high-resolution 'H-NMR measurements [16]
also indicated that the local environment of hydrogen in amorphous MgNi exhibited
an intermediate character between those in Mg, NiH, with stable mixed ionic—covalent
bonding and in Mg;NiH,3; with weak metallic bonding of hydrogen solution. Orimo
and Fujii [17] indicated that the dehydriding temperature of amorphous MgNi under
argon was lower than that of conventional Mg,NiH,.

Nanocrystalline metals are different in microstructure from both polycrystalline
and amorphous phases. Because of the reduction of crystallite size, the large number
of interfaces and grain boundaries are produced, which can enhance the solubility and
provide easier channel for the diffusion of hydrogen atoms, avoiding the long-range
diffusion of hydrogen through an already formed hydride. It has been reported that the
introduction of nanocrystalline Mg,Ni decreased the dehydriding temperature of
Mg,NiH,4 [17].

It is worthy to point out that, amorphous and nanocrystalline phases often coexist
and the nanocrystallites are embedded in the amorphous matrix. This microstructure
characteristic is favourable for the hydrogen storage [18], which may be explained by
an interaction between the amorphous regions of grain boundaries and the nano-grains.
The amorphous region is hydrogenated first, expands and so puts the encased
nano-grains under pressure, thus showing synergistic effects on the hydrogen storage
properties of Mg;Ni-type alloy. Orimo and Fujii [17] reported that the maximum
hydrogen concentrations of the three regions had been experimentally determined to
be 0.3% in the grain region of nanocrystalline Mg,Ni, 4.0% in the interface between
Mg,Ni grains and 2.2% in the amorphous region. Yamamoto et al [19] studied the
formation process of amorphous MgNi by milling Mg,Ni and Ni powders. Fig. 4
exhibits the schematic illustrations of the formation process of amorphous MgNi
phase. As shown in Fig. 4a, the nanocrystalline Mg;Ni consists of the Mg,Ni
nanocrystals (intra-grain) and surrounding disordered region (inter-grain). In Fig. 4b,

Ni is kneaded in the extremely thin plates and stacks together with nanocrystalline



Mg,Ni. Kneaded Ni metal reacts with the inter-grain region to form amorphous phase

at the interfaces. Finally, metastable amorphous phase of MgNi is completely formed

as shown in Fig. 4c.
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Fig. 4 Schematic illustrations of the formation process of amorphous-MgNi phase

during mechanical alloying [19]

4. Methods of improving hydrogen storage properties of

Mg-Ni-based systems

4.1. Partial element substitution

Partial element substitution could change the composition of milled alloys and even
introduces new phases. Therefore, this method has been widely used to improving
hydrogen storage properties of Mg-Ni-based alloys.

4.1.1. Substitution for Mg

Al. The partial substitution of Al for Mg could result in the formation of Al,O3
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protective film on the surface of matrix alloy. The Al,O3 plays a role of an inhibitor
against further corrosion of the alloy. Therefore, the partial substitution of Al for Mg
can prolong the cycle life of MgyNi alloy [20]. Wang et al [21] synthesized
Mg, (AlNi (0<x<0.6) series alloys by interdiffusing Mg, Ni and Al powders together
and investigated the effects of partial substitution of Al for Mg on the structure and
electrochemical performance. They found that a new compound, Mg;AINi, was
formed and the electrochemical capacity and cycle life of alloy electrodes increased
markedly with increasing amount of this new compound in alloys. The alloys
containing this new compound presented excellent electrochemical performance.
Mg3;AlINi; is first reported to be synthesized by Lii et al [22]. It belongs to Fd-3m with
a cell parameter ¢=1.15474(2) nm and Z= 16. Its unit cell is shown in Fig. 5.
Mg;AlNi; is considered to be a promising hydrogen storage material for future use in

hydrogen storage systems and Ni-MH batteries.
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Fig. 5 Model of the unit cell of Mg3;AINi,

Ti. Partial substitution of Mg by Ti could reduce the activation energy of
desorption from 69 kJ mol ' for nanocrystalline MgNi to 59 kJ mol' for
Mg, 9TipNi and therefore destabilized the hydride phase. [23]. Additionally, Ti
substitution for Mg could improve cycle stability of Mg—Ni-Ti ternary alloys due to
the formation of TiO, that limited Mg(OH), formation [24] Finally, the partial
substitution of Mg by Ti in Mg-Ni-based system can introduce new phases, such as
TiNi, Ti;Ni and TiNis. Composite phase structure is favorable for improving the

hydrogen storage properties of Mg-Ni-based system.

Zr. Zhang et al [25] prepared electrode alloys Mg, «ZrNi (x = 0, 0.15, 0.3, 0.45
and 0.6) by mechanical alloying. They indicated that the substitution of Zr was

favourable for the formation of an amorphous phase. For a fixed milling time, the
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amorphous phase in the alloy grew with increasing Zr content. The substitution of Zr
could dramatically enhance the discharge capacity with preferable cycle stability, and

improved the discharge voltage characteristic of the alloys.

V. The partial substitution of Mg in MgNi with V could suppress the formation
of Mg(OH), on the alloy surface during the charge—discharge cycling in alkaline
solution [26] and therefore improves cycle life of MgNi alloy.

Combined Ti and Zr. Anik et al [27] investigated Mg, 5Tips-xZrxNi (x = 0, 0.1,
0.2, 0.3, 0.4) alloys synthesized by mechanical alloying and their electrochemical
hydrogen storage characteristics. They found that the replacement elements Ti and Zr
perfectly dissolved in the amorphous phase and Zr facilitated the amorphization of the
alloys. The presence of Zr in the Ti-including Mg-based alloys improved the cyclic
stability of the alloys. This action of Zr was attributed to the less stable and more
porous characteristics of the barrier hydroxide layer in the presence of Zr due to the
selective dissolution of the disseminated Zr-oxides throughout the hydroxide layer on
the alloy surface. Zhang et al [28] also obtained a similar conclusion. In a word, the
corrosion inhibiting effect of Zr alone, without the presence of Ti was weak. The

synergetic effect of Zr and Ti made the alloys more protective than by Ti or Zr alone.

Combined Ti and V. Iwakura et al [29] studied Mg oTig.06Vo.04Ni alloys prepared
by mechanical alloying (MA). They indicated that the oxidation of Mg on the alloy
surface during the charge—discharge cycles could be fairly suppressed by the partial
substitution with both Ti and V. Moreover, it was found from Auger electron
spectroscopy (AES) that thickness of oxidized surface layer of the MgNi alloy particle
was decreased by the introduction of both Ti and V. It was suggested that composite
oxide layer in which both Ti and V species existed might be very effective in
suppressing the oxidation of the alloy surface, leading to the synergistic effect on

charge—discharge cycle performance.

Mn. The partial substitution of Mg by Mn in Mg,;Ni alloy can enhance the
discharge capacity of Mg,Ni alloy at room temperature [30, 31]. Kohno et al. [32]
reported that as a result of substitution of Mg with Mn, absorption of hydrogen

occurred at lower temperature.

La. Ren et al [33] prepared alloys Mgyo—xLaxNijo (x = 0, 2, 4, 6) by casting and
rapid quenching. The substitution of La for Mg significantly enhanced the glass
8



forming ability of the alloys. La significantly improved the cycle stability of the
as-cast and the quenched alloys. For as-cast alloys, the hydrogen absorption and
desorption capacities and kinetics clearly rose with increasing La content. For
as-quenched alloy, when La content x = 2, it displayed an optimal hydrogen
desorption kinetics at 200 °C. Additionally, the discharge capacities of the as-cast
alloys rose with the increase of La content, but those of the as-quenched alloys

obtained the maximum values with the variation of La content.

Sn. Drenchev et al [34] studied the electrochemical hydriding/dehydriding of
nanostructured Mg, \SnyNi (x = 0, 0.1, 0.3). Sn addition could decrease the electron
density around the Mg atoms and therefore impedes magnesium oxidation. As a result,
the cycle life of Mg;Ni can be essentially improved. Moreover, though Sn hampers
charge transfer, it could lower the hydrogen diffusion resistance in Mg,Ni based

alloys.

Ag. Li et al [35] studied the Mg, (AgsNi alloys and found that partial substitution
of Ag for Mg leaded to a faster rate of hydriding. Thus, Ag substitution could improve
the hydriding kinetics of Mg;Ni alloy.

Cr. Xue et al [36] produce a series of Mg, cCriNi alloy powder by combination
of solid-state diffusion with mechanical grinding. It was found that partial
replacement of Mg by Cr could increase the mass discharge capacity and improve the

cycle life of Mg,Ni alloy.

4.1.2. Substitution for Ni

Mn. We have investigated the structure and electrochemical hydrogen storage
properties of Mg,Ni;\Mny (x=0, 0.125, 0.25, 0.375) alloys prepared by mechanical
alloying. We concluded that it was difficult for Mn to substitute Ni site in Mg,Ni
lattice structure and the substitution of Mn for Ni could inhibit the formation of
MgNi, phase. It is worthy to point out that we have synthesized Mg;MnNi, by a much
simpler one-step technique which was milling elemental powders of Mg, Ni and Mn
in argon atmosphere [18]. Mgi;MnNi, phase was relatively stable during
charge/discharge cycles and therefore could significantly enhance the cycle stability
under simultaneously maintaining a high discharge capacity. Three other preparing
methods have also been reported to synthesize the Mg;MnNi, alloy. Denys et al. [37]
synthesized Mg;MnNi, intermetallic compound by high-energy ball milling in argon
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atmosphere with subsequent pressing and sintering. They found that the synthesized
Mg;MnNi, phase exhibited an ideal electrochemical discharge curve and good cyclic
stability in comparison with other magnesium alloys. Dobrovolsky et al. [39] obtained
MgzMnNi, using milling a mixture of Mg, Ni and Mn powders in hydrogen
atmosphere followed by thermal decomposition of the MA product. Hsu et al. [39]
prepared MgzMnNi, alloy by the method integrating conventional melting and

isothermal evaporation casting process (IECP).

Mgz;MnNi, phase, as a new hydrogen storage alloy, has shown better hydrogen
storage properties. The unit cell of MgzMnNi, phase is shown in Fig. 6. It has a cubic
symmetry (space group Fd-3m) with the lattice parameter a=11.564 A [40]. Each unit
cell contains 16 formula units of Mg;MnNi,, namely MgsgMn;¢Nis,. 48 Mg atoms, 16
Mn atoms and 32 Ni atoms occupy Mg (48f), Mn (16d) and Ni (32e) lattice sites,
respectively. H atoms can partially fill /6d Mge octahedral and 32e Mg;Ni tetrahedral

interstices in the cubic metal matrix as shown in Fig. 7 [41].

Fig. 7 Types of interstices in the structure of Mgz;MnNi, [41]
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Cu. Zhang et al [42] synthesized the nanocrystalline Mg;Ni-type alloys with
nominal compositions of MgyNijoxCuy (X = 0—4) by melt-spinning technique. They
indicated that the substitution of Cu for Ni enlarged cell volume, led to a significant
refinement of the grains and the formation of the secondary phase Mg,Cu, as well as
weakened stability of the hydride in the as-cast alloys. Therefore, the substitution of
Cu for Ni could enhance the discharge capacity and the electrochemical cycle stability

of nanocrystalline Mg,Ni-type alloys.

Co. Similar to Zr, the substitution of Co for Ni could significantly heighten the
glass forming ability of the Mg,Ni-type alloy [43]. The substitution of Co for Ni does
not change the major phase of Mg,Ni, but it leads to the formation of secondary phase
MgCo,. Zhang et al [43] indicated that the secondary phase MgCo, probably worked
as a catalyst to activate the Mg,Ni phase to absorb/desorb reversibly hydrogen in the
alkaline electrolyte. As a result, the maximum discharge capacity and the capacity

retaining rate of Mg;Ni-type alloy can be improved by Co substitution.

4.1.3. Simultaneous substitution for Mg and Ni

Wang et al [44] studied the quaternary Mg; 75Alp25NigoMy ;1 (M=Cr, Fe and Co; 0 < x
<0.3) alloys prepared by means of solid diffusion method. They found that Mg;AINi,
was the main phase in the quaternary alloys as that of ternary Mg 75Alp,sNi alloy.
Due to the Cr, Fe or Co substitution, the quaternary alloy showed larger discharge
capacity and higher cycling stability than the Mg, 75Alp2sNi ternary alloy, which
could be attributed to the fact that the additional Cr, Fe and Co could effectively

improve the reaction activity of electrode.

4.2. Adding appropriate catalysts

The sluggish hydriding/dehydriding kinetics of Mg-Ni-based alloys is an obstacle for
the practical application for hydrogen storage. Adding suitable catalysts can improve

the hydriding/dehydriding kinetics.

The mechanism of the catalysis may be caused by a spillover effect. The
hydrogen spillover phenomenon is defined as dissociative chemisorption of H, on a
metal and subsequent migration or surface diffusion of the atomic hydrogen onto the
support surfaces [45, 46]. Spillover effect has long been observed on supported metal
catalysts. For catalytic hydrogen absorption and release, the catalyst particles should
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preferably be deposited on the outer surface of the alloy particles to ensure the best
catalytic effect [47]. If the catalyst particles are capsulated in the alloy particles,
hydrogen molecules cannot contact with the catalyst and the “catalyst” has no
promotional effect for hydrogen absorption. Gutfleisch et al [48] found that co-milling
Mg,Ni with Ru for a short time, such as 1 h, made the onset temperature of hydrogen
desorption be decreased as low as 80 °C. However Co-milling the nanocrystalline
hydride with platinum group metals (PGM) catalysts for long durations made the
catalysts diffuse into the bulk and consequently destroyed its effectiveness at the
surface. Moreover, the coating of Mg,Ni-type hydrides with the PGM catalyst could

protect the surface from oxidation, which led to an improved cycle stability.

Pd is one of the most important catalysts used to improve the the
hydriding/dehydriding kinetics of Mg-Ni-based alloys. Zaluski et al [49] prepared
nanocrystalline Mg;Ni by ball milling and small amounts of Pd (less than 1 wt. %)
were added for the catalytic modification of the surface of the Mg,Ni powder. They
concluded that the powders modified with Pd showed substantially enhanced
hydrogen absorption kinetics and were much less sensitive to air exposures, which
normally poisoned the surface and created a barrier for hydrogen dissociation and
transfer into the material. Spillover mechanism can be used to explain the catalytic
effect of palladium. The Pd catalyst acted effectively when present in the form of

small clusters or particles dispersed on the surface of the absorbing material.

Xu et al [50] deposited nano-particles of various metal catalysts (palladium,
platinum and ruthenium) on the outer surface of magnesium powders through a wet
chemistry process. As a result, both the hydrogen absorption and hydrogen release
kinetics of magnesium were significantly improved by doping the nano-particle
catalysts. Palladium showed the best catalytic effect among the three metals-doped
and examined. Doping 0.5 mol % nano-particle palladium made the hydrogen
absorption and hydrogen release rates of magnesium increase 1 and 14 times,
respectively. The added nano-particle palladium probably acts as hydrogen pumps,

during the desorption process and consequently leads to a faster hydrogen release.
4.3. Adding carbon materials

Carbon materials exhibit certain properties that make them in combination with metal
hydrides more suitable compared to other potential supports or additives [51].

Generally speaking, all of the carbon allotropes, such as graphite, fullerene, activated
12



carbon, carbon black and carbon nanotubes (CNTs), show positive effects on the
hydrogen storage properties of Mg-based systems. It has been reported that the
addition of graphite, fullerene or Vulcan carbon black in small amounts (5 wt. %) to
nanocrystalline Mg;Ni could increase the desorption kinetics of MgyNi [52]. Wu et al.
[53] have studied the effect of various carbon additives and noncarbon materials on
hydrogen capacity and dehydriding/hydriding kinetics of Mg. Interestingly, all the
carbon additives exhibited prominent advantage over the noncarbon additives and
among the various carbon additives, purified single-walled carbon nanotubes
(SWCNTs) exhibited the most prominent “catalytic” effect on improving hydrogen
capacity, absorption/desorption kinetics of Mg. Quite recently, Amirkhiz et al. [54]
reported that the coupled additions of SWCNTs and metallic nanoparticles could
catalyze the desorption of hydrogen for MgH, powders. This research group [55] also
studied the hydrogen sorption cycling performance of SWCNTs-Mg hydride
nanocomposites and indicated that the nanocomposites displayed much improved
kinetic stability relative to MgH,. Besides SWCNT, multiwalled carbon nanotube
(MWCNT) has also been reported to be an excellent additive for improving hydrogen
storage properties of Mg-based systems. Pandey et al. [56] investigated the admixing
of MWCNTs in Mg,Ni and Aminorroaya et al. [57] studied the co-milling of
MWCNTs and Mg-6 wt. % Ni alloy. They indicated that MWCNTs were very
effective at promoting the desorption kinetics and increasing the hydrogen capacity of
these alloys. Recently, Verén et al. [58] reported that coupled addition of Co and
MWCNTs showed synergetic effect on hydrogen sorption properties of MgH,.
Therefore, integrating the advantages of both metal substitution and MWCNTSs
addition to improve electrochemical hydrogen storage properties of Mg,Ni-type alloy

is an open subject.

We have prepared Mg, Al Ni (x = 0, 0.25) electrode alloys with and without
multiwalled carbon nanotubes (MWCNTs) by mechanical alloying under argon
atmosphere at room temperature using a planetary high energy ball mill [59]. Al
substitution resulted in the formation of AINi-type solid solution that could
interstitially dissolve hydrogen atoms. In contrast, the addition of MWCNTs hardly
affects the XRD patterns. After co-milling with 5 wt. % MWCNTs, the particle sizes
of both Mg,Ni and Mg; 75Aly2sNi milled alloys were decreased explicitly. The TEM
images in Fig. 8 reveal that the MWCNTs aggregate along the boundaries and
surfaces of milled alloy particles and play a role of lubricant to weaken the adhesion

of alloy particles. The majority of MWCNTSs retain their tubular structure after ball
13



milling except a few MWCNTs whose tubular structure is destroyed as shown in Fig.
9. Electrochemical measurements indicate that all milled alloys have excellent
activation properties. The Mg; 75Alp2sNi-MWCNTs composite shows the highest
discharge capacity due to the synergistic effects of MWCNTs and Al on the
electrochemical hydrogen storage properties of Mg,Ni-type alloy. However, the
improvement on the electrode cycle stability by adding MWCNTs is unsatisfactory.

TN YT W

Fig. 9 — HRTEM image of milled Mg 75Aly2sNi-MWCNTs composite [59].
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4.4. Preparing methods

4.4.1. Mechanical alloying

Mechanical alloying is a solid-state powder processing technique involving repeated
welding, fracturing, and rewelding of powder particles in a high-energy ball mill [60].
Fig. 10 exhibits the schematic depicting the ball motion inside the ball mill. It can be
seen that the vials and the supporting disc rotate in opposite directions and the
centrifugal forces alternately act in like and opposite directions. This causes the
milling balls to run down the internal wall of the vial — the friction effect, followed by
the material being milled and milling balls lifting off and traveling freely through the
inner chamber of the vial and colliding against the opposing inside wall — the impact
effect [60].

Horizontal Section
Movement of the

supporting disc

Centrifugal
force

Rotation of the grinding bowl

Fig. 10 Schematic depicting the ball motion inside the ball mill [60].

Mechanical alloying is capable of decreasing crystal size, introducing numbers
of grain boundaries and defects, as well as facilitating the formation of nanostructured
and amorphous phase. The reduction of the average size of the hydriding phase and
the increase of the volume fraction of the phase boundary can result in a higher
capacity and faster kinetic of hydrogen absorption of Mg-xNi alloys, respectively [61].
Therefore, mechanical alloying is widely used to synthesize Mg-Ni based hydrogen
storage alloys. Zaluski et al [62] synthesized nanocrystalline Mg;Ni by mechanical
alloying. This nanocrystalline Mg,Ni showed hydrogen absorption characteristics

superior to that of the conventional crystal phase.
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4.4.2. Melt spinning

Fig. 11 shows the working principle of melt spinning [63]. The molten material is
driven from the nozzle in the form of a jet and then impinges with the rotating disc to
form a melt puddle. Because of a large temperature difference at the melt-substrate
interface, the melt beneath the puddle solidifies into a ribbon. Due to the action of the
centrifugal force, the ribbon will leave the disc. The cooling rate of the sample can be
changed by adjusting the velocity of rotating roller. The melt-spinning technique is
the most useful method to obtain an amorphous and/or nanocrystalline phase that
could have excellent hydriding characteristics even at room temperature, similar to the
alloys produced by the MA process. Zhang et al [64, 65] have synthesized several
hydrogen storage alloys containing nanocrystalline phase by melt spinning and this

alloys showed improved hydrogen storage properties.

Fig. 11 A schematic diagram of working principle of melt spinning [63]
4.4.3. Combustion synthesis

Combustion synthesis belongs to solid-state combustion reaction without oxygen, in
which once one end of the sample is ignited, a highly exothermic reaction can become
self-sustaining and yield the final product progressively without any additional heat
[66]. Fig. 12 shows a schematic diagram of combustion synthesis. The mixed powders
of fine Mg and Ni are compressed. The ignition agent is ignited by a tungsten filament.
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The product Mg,NiH4 produced by combustion synthesis possesses high activity and
excellent hydrogen storage properties: no need of activation process, fast hydriding
kinetics and high hydrogen storage capacity [67], which is due to the fact that
combustion synthesis could introduce loose and porous morphology, decrease the
particle and crystal grain size as well as produce large numbers of fissures on the
particle surfaces. As a result, the diffusion of hydrogen inside the particles of alloy
and into the crystal grains is enhanced. Recently, combustion synthesis and
mechanical alloying have been combined to prepare Mg-Ni-based hydrogen storage

alloys and the product exhibited fast kinetics [68, 69].

Completion

Propagation

| Mg2NiHa

Product

Green Pellet

Filament

Fig. 12 A schematic diagram of combustion synthesis [66].
4.4.4. Chemical synthetic method

Ikeda and Ohmori [70] prepared Mg;Ni hydrogen absorbing alloy by chemical
synthetic method. The procedure is as follows: at first, Mg particle is immersed in an
organic solvent containing Ni ions and the solution is stirred. By this procedure Ni is
deposited on Mg. And then the Ni-deposited Mg is heated to obtain Mg,Ni alloy.
Chemical synthetic method is advantageous in that various preparation parameters
such as solvent, amount and type of Mg and Ni source, stirring and heating conditions

etc. can be controlled for attaining better hydrogen absorption performance.
4.4.5. Polyol reduction

Kumar et al [71] used polyol reduction method followed by annealing to synthesize
nanosized Mg;Ni1 alloy particles, which showed promising hydrogen absorption as
well as electrochemical hydrogen absorption characteristics. The main procedure is:
magnesium acetate and nickel acetate are dissolved in ethylene glycol with 2:1 mol
ratio. The polyvinylpyrrolidone and the PdCl, are added, in which Pd acts as a
nucleating agent for the growth of nanoparticles of Mg and Ni metals. Then the

product is washed and centrifuged. Finally, the as synthesized Mg-Ni alloy is dried in
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vacuum followed by annealing in hydrogen atmosphere. The advantage of this
method lies in that it gives the flexibility to synthesize uniform size nanoparticles in
desired composition range by adjusting the preparation conditions such as reducing

agent, protecting reagent concentration, temperature and reaction time.

5. First principles calculations

First principles density functional theory (DFT) calculations can provide fundamental
information and are quite helpful to predict and interpret the hydrogen storage
properties of materials. Wagemans et al [72] calculated the energies of Mg and MgH,
clusters of up to 56 Mg atoms with Hartree-Fock and density functional theory
methods. They concluded that small MgH, clusters had a much lower desorption
energy than bulk MgH,, hence enabling hydrogen desorption at lower temperatures.
For instance, an MgH, crystallite size of 0.9 nm corresponds to a desorption
temperature of only 473K, which is far below the unfavorable desorption temperature
of 573 K of bulk MgH,. Therefore, first principles DFT calculations confirm that
nanocrystalline materials possess excellent hydrogen storage properties in theoretical

aspect.

For cubic Mg;NiH,, the hydrogen atom positions has not been completely
determined by diffraction methods due both to the incompatibility of the NiHy4 unit
with the cubic space group Fm-3m and to the relationship between the neutron
scattering lengths for Mg and Ni. Garcia et al [10] performed ab initio total-energy
calculation on electronic structure of cubic MgNiHs for different hydrogen
configurations and concluded that the minimum-energy configuration corresponded to
a tetrahedrally distorted square-planar distribution of hydrogen atoms around the

nickel atom.

For monoclinic Mg,NiH4, Jasen et al [73] calculated its electronic structure and
indicated that the hydrogen atoms presented a bonding much more developed with Ni
than with Mg and the principal bonding interaction was Ni sp - H 5. Van Setten et al
[74] studied the effects of transition metal doping by first principles density functional
theory calculations. They indicated that the hydrogen desorption enthalpy could be
reduced by ~0.1 eV/H; if one in eight Ni atoms was replaced by Cu or Fe and that Cu
was the most promising candidate to lower the hydrogen desorption enthalpy of

Mg,NiH,, which could provide a theoretical guide for selecting appropriate metals to
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perform substitutional doping in experimental synthesis.

We have investigated the substitutional doping of Mn in Mg,Ni phase and the
electronic structure of MgzMnNi, phase by first principles calculations [75]. The
calculation of enthalpy of formation showed that among the four different lattice sites
of Mg (6f), Mg (6i), Ni (3b) and Ni (3d) in Mg,Ni unit cell, the most preferable site of
substitution of Mn in Mg,Ni lattice has been confirmed to be Mg (6i) lattice site.
Analysis of density of states (DOS) indicated that there was a strong hybridization
between Mg s, Mg p and Ni d electrons, which was dominant in controlling the
structural stability of pure and Mn-dope Mg;Ni phases. The Mn substitution in Mg, Ni
unit cell weakened the interaction between Mg s, Mg p and Ni d electrons. The cubic
Mgz;MnNi, phase possesses a strong hybridization between Mn and Mg, Ni orbits
under simultaneously retaining the strong bonding among Mg s, Mg p and Ni d
electrons. As a result, the stability of phases gradually decreased along the sequence

pure Mg>Ni phase > Mgz:MnNi, phase > Mn-substitution doped Mg;Ni phase.

6. Conclusions

Fundamental data on Mg-Ni-based systems and their hydrides, such as phase
diagrams, crystal structures and thermodynamical properties etc. are the base for
developing Mg-Ni-based hydrogen storage alloys. Amorphous and nanostructured
phases in Mg-Ni-based systems are favourable for improving hydrogen storage

properties.

Partial elements substitution has been proved to be appropriate for improving
hydrogen storage properties of Mg-Ni-based alloys. Exploring new Mg-Ni-based
hydrogen storage alloys is significant for developing hydrogen storage technology.
Partial elements substitution is expected to change the alloy composition and

synthesize new hydrogen storage alloys.

Adding appropriate catalysts can improve the hydriding/dehydriding kinetics of
Mg-Ni-based alloys. The mechanism of the catalysis may be caused by a spillover
effect, namely dissociative chemisorption of H, on a metal and subsequent migration
or surface diffusion of the atomic hydrogen onto the support surfaces. Pd is one of the

most important catalysts.

Carbon materials, such as graphite, fullerene, activated carbon, carbon black and
19



CNTs have shown positive effects on the hydrogen storage properties of Mg-Ni-based
systems. Therefore, carbon materials addition is promising for ameliorating the

hydrogen storage properties of Mg-Ni-based alloys.

Preparing methods play an important role in Mg-Ni-based alloys. The preparing
methods that can substantially decrease particle and crystal size, introduce numbers of

grain boundaries and defects should be preferential choices.

First principles calculations could explain the experimental results and provide a
guide for selecting appropriate substitutional elements. Combined experiment and
first principles calculation is quite necessary for screening and discovering novel

Mg-Ni-based hydrogen storage materials.
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The Mgz Ni(_yMny (x=0, 0.125, 0.25, 0.375) hydrogen storage alloys have been synthesized by mechan-
ical alloying (MA). The effects of substitution of Mn for Ni on the phase composition and microstructures
of Mg, Ni-type alloys have been investigated by X-ray diffraction (XRD) and scanning electron microscopy
(SEM). XRD results of milled samples indicate that substitution of Mn for Ni could inhibit the formation
of MgNi, phase and the solid solubility of Mn in Mg, Ni phase is low. The calculation of average crystallite
size and microstrain of Mg, Ni(;_,)Mn, alloys milled for 8 h shows that with the increase of substitution

ﬁgvﬁirgﬁ;y amount of Mn for Ni from x=0 to x=0.375, the average crystallite size decreases first from 12.5nm to
an 9.6 nm and then increases from 9.6 nm to 11.8 nm with the minimum 9.6 nm obtained at x=0.25, while

the microstrain monotonously decreases from 1.39% to 0.82%. SEM has revealed that the sizes of sub-
particles that constitute the powder particles in the composition Mg;Nig75Mng 25 are much smaller than
those in other compositions.

Mechanical alloying
Nanocrystalline
Elemental substitution

© 2010 Elsevier B.V. All rights reserved.

1. Introduction

Many intermetallic compounds are attractive candidates for
hydrogen storage due to their capability of reversibly absorbing
large amounts of hydrogen. If AB, (n=0.5, 1, 2, 5) is used to denote
the binary intermetallic compounds for hydrogen storage, element
A is usually a rare earth (e.g. La), an alkaline earth metal (e.g. Mg)
or former transition metal (e.g. Ti, Zr) and tends to form a highly
stable hydride at room temperature. Whereas element B is often
a latter transition metal (e.g. Fe, Ni, Cu) and does not form stable
hydrides at room temperature [1-3]. The combination of different
elements in AB,, can be used to design and tailor the properties, such
as Mg, Ni [4], TiFe [5], ZrV; [6] and LaNis [7]. Mg, Ni intermetallic
compound is one of the most promising alloys in the AB, family,
since besides its lightweight and low cost, its theoretical gravimet-
ric storage hydrogen capacity, assuming the formation of Mg, NiHg4,
is 3.6 mass% (equivalent to 999 mAh/g for the discharge capacity,
which is approximately 2.7 times that of LaNis) and it can absorb
and desorb hydrogen at more moderate temperatures and pres-
sures than other alloys. However, the poor hydriding/dehydriding
kinetics and high thermodynamical stability of Mg, NiH,4 (requiring
280°C for 1 bar hydrogen [8]) become the obstacle for the practical
use for hydrogen storage.

* Corresponding author.
E-mail address: liwu.huang@utbm.fr (L.W. Huang).

0925-8388/$ - see front matter © 2010 Elsevier B.V. All rights reserved.
doi:10.1016/j.jallcom.2010.02.059

There are many methods to improve the hydrogen storage prop-
erties or electrochemical hydrogen storage properties of Mg,Ni
intermetallic compound: (a) adding suitable catalysts [4,9]; (b)
increasing specific surface area [10]; (c) substituting partial ele-
ments [11-13] and (d) using new synthesis methods to decrease
the crystallite size to nanoscale (such as mechanical alloying [4],
polyol reduction method [14]). Mechanical alloying (MA) is a solid-
state powder processing technique involving repeated welding,
fracturing, and rewelding of powder particles in a high-energy
ball mill [15]. This method is considered to be more appropriate
for synthesizing Mg, Ni intermetallic compound than conventional
metallurgical methods, such as melting, because of the low misci-
bility of Mg with most transition metals, the high vapor pressure
of Mg and the difference between Mg and Ni melting points.
Nanocrystalline Mg;Ni produced by MA showed substantially
enhanced absorption and desorption kinetics, even at relatively low
temperatures [16].

Yang et al. [17] found that replacement of Ni in Mg, Ni by Mn
lowered the decomposition plateau pressure. Kohno and Kanda
[18] reported that as a result of substitution of Mg with Mn, absorp-
tion of hydrogen occurred at lower temperature. Gasiorowski et al.
[12] found that the partial substitution of Mg by Mn in Mg, Ni alloy
leaded to an increase in discharge capacities at room temperature.
It can be seen that different authors used different substitution
methods. Some used Mn to substitute Ni, while others used Mn
to substitute Mg in Mg;Ni. Tsushio and Akiba [19] proposed that
for designing a quaternary alloy system of Mg, Ni by substitution
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Table 1

Phase composition of Mg, Ni(;_,)Mn, (x=0, 0.125, 0.25, 0.375) alloys for different milling times.

Sample Phase composition
4h 8h 16h 24h
Mg, Ni Mg, Ni, traces of Mg, Ni Mg, Ni, MgNi, Mg, Ni, MgNi, Mg, Ni, MgNi,

Mg, Nipg75Mno 125 Mg, Ni, Mn Mg, Ni, Mn, traces of MgNi, Mg, Ni, Mn, traces of MgNi, Mg, Ni, Mn, traces of MgNi,
MgzNi0_75Mn0_25 Mg, Ni, Mn MgzNi, Mn MgzNi, Mn MgzNi, Mn
MgzNio_ﬁstl’logﬁ Mg, Ni, Mn MgzNi, Mn MgzNi, Mn MgzNi, Mn

method, the substitution for Ni had to be considered first and then
for Mg. However, the literatures that reported using the different
substitution ratios of Mn for Ni in Mg;Ni alloy to study the effects
are few.

The purpose of this work is to synthesize the Mg;Ni¢;_,)Mny
(x=0, 0.125, 0.25, 0.375) alloys by MA and to investigate the
effects of substitution of Mn for Ni on the phase composition and
microstructures of Mg, Ni-type alloys systematically for providing
a guide for improving the hydrogen storage properties of Mg,Ni
intermetallic compound.

2. Experimental procedure

Starting elemental powders of Mg (purity 99.8%, particle size <50 wm, from
GoodFellow), Ni (purity 99.5%, particle size <250 wm, from GoodFellow) and Mn
(particle size —325 mesh, purity 99.3%, from Alfa) were mixed and poured into the
stainless steel vials (volume 50 ml) together with two stainless steel balls (diameter
20 mm) in the glove box filled with argon according to the designed composition
Mg, Ni_xMny (x=0, 0.125, 0.25, 0.375). The MA was carried out with 20:1 ball to
powder weight ratio under argon atmosphere at room temperature using a plane-
tary high-energy ball mill (Retsch PM 400) at a speed of 400 rpm. The milling was
interrupted for 30 min/h to dissipate the heat and to reduce the excessive rise of
temperature.

The structures of the MA alloys with different compositions milled for different
periods of time were analyzed by the Bruker D8 Advance X-ray diffractometer with
Cu Ka radiation (2 =0.15418 nm) filtered by nickel. The crystallite size and micros-
train were calculated from the approximation (Eq. (1)) that combines the Wilson
formula and Scherrer formula following Williamson-Hall style plot [20].

0.9A1
dcosf

where 8 is the full-width at half maximum intensity of a Bragg reflection excluding
instrumental broadening, 6 the Bragg angle, A the wavelength of the X-ray radiation,
¢ the effective lattice microstrain and d the average crystallite size.

The morphologies of the powdered samples were observed using the JEOL [SM-
5800LV Scanning Electron Microscope.

B =2¢e tan6 + (1)

3. Results and discussion

Fig. 1 shows the evolution of X-ray diffraction patterns of
Mgy Nigi_yMny (x=0, 0.125, 0.25, 0.375) alloys mechanically
alloyed for 8 h. It can be seen that all MA alloys exhibit new diffrac-
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Fig. 1. X-ray diffraction patterns of the initial elemental powder mixture (a) and
the Mg, Ni(;_xyMny alloys with a fixed milling time of 8 h: (b) x=0, (c) x=0.125, (d)
x=0.25 and (e) x=0.375.

tion peaks, which are identified as MgyNi or MgNi, phase. The
Mg, Ni phase exists in all composition, whereas MgNi, phase grad-
ually decreases with the increase of x (the content of Mn) and
disappears as x achieves 0.25 and 0.375. Phase composition of
Mg;Ni(;_xyMny (x=0, 0.125, 0.25, 0.375) alloys for different milling
times is displayed in Table 1. This phenomenon indicates that sub-
stitution of Mn for Ni could inhibit the formation of MgNi, phase,
which is possibly ascribed to the change of atom ratios between
Mg and Ni. During mechanical alloying, since Mg is very soft and
easier to adhere to the balls and walls of vials, the real content
of Ni is above and near to 33 at% for x=0 and x=0.125 (smaller
amount of substitution), respectively, which is corresponding to
the Mg, Ni+MgNi, region in the Mg-Ni system. Therefore, Mg, Ni
and small amount of MgNi, phases coexist for x=0 and 0.125. After
large amount of substitution of Min for Ni, Ni content is below 33 at%,
which belongs to the Mg, Ni+ Mg region. As a result, MgNi, phase
disappears when x =0.25 and 0.375. In contrast to Mg, Ni, the MgNi,
phase does not interact with hydrogen [21], so the substitution of
Mn for Ni is favorable for synthesizing the single Mg, Ni phase and
improve the hydrogen storage capacity by promoting the reaction
of Mg and Ni to form Mg;Ni phase. It is also noted that the peaks of
Mn phase still exist in Fig. 1(c)—(e), meaning that it is difficult for
Mn to enter into the lattice of Mg, Ni phase, which is also reported
in Ref. [22]. This phenomenon is probably explained as follows.
Electronegativities of metal elements gradually increase along the
sequence Mg<Mn <Ni. Therefore, due to the bigger difference of
electronegativities between Ni and Mg in comparison with Mn, it
is much easier for bonding between Mg and Ni. As a result, it is
difficult for Mn to substitute the site of Ni in Mg;Ni lattice. Fig. 2
shows X-ray diffraction patterns of the Mg, Nig 25Mng 75 alloys with
different milling times. After 4 h of milling, the intensities of the
diffraction peaks of Mg, Ni and Mn decrease and their peak widths
increase as a result of the reduction of crystallite size and/or the
accumulation of microstrain during MA. When milling duration is
8 h, the peaks of Mg, Ni phase appear, while the peaks of Mg and Ni
nearly disappear. Although the milling time is prolonged to 24 h,
there are still the Mn peaks of high intensity, which further proves
the solid solubility of Mn in Mg;Ni phase is low.
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Fig. 2. X-ray diffraction patterns of the initial elemental powder mixture (0h) and
the Mgz Nig25Mng 75 alloys with different milling times.
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Fig. 3. Evolution of average crystallite size and microstrain of Mg, Ni(;_Mn, (x=0,
0.125, 0.25, 0.375) alloys milled for 8 h versus x.

X-ray diffraction peak broadening shown in Fig. 1 is evaluated
and the evolution of average crystallite size and microstrain for dif-
ferent substitution amounts of Mn for Ni is presented in Fig. 3. It
is observed that within a fixed milling time (8 h), with the increase
of substitution amount of Mn for Ni from x=0 to x=0.375, the
average crystallite size decreases first from 12.5 nm to 9.6 nm and
then increases from 9.6 nm to 11.8 nm with the minimum 9.6 nm
obtained at x = 0.25, while the microstrain monotonously decreases
from 1.39% to 0.82%. This result may be explained as follows. Both
Mg and Ni are malleable and ductile, while Mn is hard and brittle.
With the increase of substitution amount of Mn for Ni, the hard-
ness and brittleness of MA powders substantially increase, which
is favorable for the MA powders to get work hardened and causes
more intensive collisions among powders, resulting in more eas-

‘\it.......\ 1
§ 1.00 ym |

1.00 pm

ily fracturing of crystal grains. Therefore, the average crystallite
size decreases first with the increase of Mn content from x=0 to
0.25. With the concomitant decline of crystallite size, the grain
boundary increases remarkably, which is beneficial to the defects to
migrate out of the crystallites, and consequently promotes micros-
train release. Additionally, due to the enhancement of brittleness
of MA powders, the tendency to fracture predominates over defor-
mation. Because of the fact that the deformation can introduce a
great number of defects which can increase microstrain, the weak-
ened tendency to deform leads to the decline of microstrain. As a
result, the microstrain decreases with the increase of Mn content
from x=0 to 0.25. When the content of Mn increases to a certain
extent (x=0.375), the rise of temperature caused by more inten-
sive collisions cannot be ignored and consequently accelerates the
crystal grains growth and the lattice strain release, which is the
probable reason why the crystallite size increases from 9.6 nm to
11.8 nm and the microstrain decreases from 1.14% to 0.82% for
Mg, Nigg25Mng 375 in comparison with that of Mg;Nig75Mng 5.
Orimo and Fujii [1] reported that the average crystallite sizes of
Mg, Ni alloy reduced down to nearly 16 nm by milling for 3.6 ks
according to the peak broadening of the X-ray diffraction profiles
using Wilson method [23]. Due to using longer milling time (8 h) in
this study compared with 3.6 ks, smaller average crystallite size
(12.5nm) is obtained for Mg;Ni. MA is proved to strongly pro-
mote the formation of Mg;Ni. In fact, traces of Mg;Ni has already
appeared after only 4 h of milling for x=0 (Table 1). After forma-
tion of Mg;Ni, the tendency to fracture is reinforced because of
the brittle behavior of ordered intermetallic structures [24]. This
is also supported by the phenomenon that the collisions noise
began to rise after 3 h of milling, which reveals that the sample
powder has become much harder. As a result, repeated strong ball-
powder collisions significantly introduce the microstrain and cause
the reduction of crystallite size. The induced microstrain can assist
diffusion by reducing the hysteresis of hydrogen absorption and
desorption [25]. The formation of nanocrystalline Mg, Ni gives an

Fig. 4. SEM morphologies of the Mg, Ni(;_,Mny alloys with a fixed milling time of 8 h: (a) x=0, (b) x=0.125, (c) x=0.25 and (d) x=0.375.
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enormously increased amount of grain boundaries which can pro-
vide easier channel for the diffusion of hydrogen atoms. At the same
time, nanoscale Mg;Ni alloy can avoid the long-range diffusion of
hydrogen atoms through the already formed hydride phase [16].
So the hydriding/dehydriding kinetics can be improved due to the
introduction of microstrain and reduction of crystallite size.

Fig. 4 shows the SEM morphologies of the Mg;Ni¢;_)Mny (x=0,
0.125, 0.25, 0.375) alloys with a fixed milling time of 8h. It is
observed that the powder particles in all the compositions are
mainly flaky and show cleavage fracture morphology and inho-
mogeneous size distribution, which is the same as that observed
by Gasiorowski et al. [12]. The powder particles are also agglom-
erates of many smaller particles (namely subparticles), which is
because a large amount of energy of balling is transferred to par-
ticles, resulting in high concentration of defects and decrease of
particle size, which increases the surface free energy of particles. In
order to decrease the total energy of particles, subparticles agglom-
erate together to reduce the surface area for lowering surface free
energy. The size of agglomerates shows the tendency of increase
with the increase of x from O (Fig. 4(a)) to 0.375(Fig. 4(d)) excluding
x=0.25. It is noteworthy that the subparticles that constitute pow-
der particles in Fig. 4(c) are much smaller than those in Fig. 4(a), (b)
and (d). This is because with the increase of Mn content, the hard-
ness and brittleness of MA powders increase, which is favorable for
the particles to fracture. As a result, the subparticle sizes decrease
when x increases from 0 to 0.25. Whereas, as mentioned above,
excessive Mn (x=0.375) enhances the collisions among particles,
resulting in the substantial rise of temperature, which promotes
the welding that tends to increase the particle size. As a result,
the subparticle sizes rebound when x increases from 0.25 to 0.375.
Therefore, there exist an optimal value of Mn content for obtaining
smallest subparticles, namely x=0.25. The smaller size of subpar-
ticles in Fig. 4(c) will significantly increase the surface area of the
powder particles compared with the bigger ones in Fig. 4(a), (b)
and (d), which will facilitate the absorption of hydrogen at the
surface of Mg;Ni alloy and improve the hydrogen storage proper-
ties of Mg, Ni intermetallic compound. Yang et al. [17] measured
the specific surface areas of Mg;Nig75Mngs5 and Mg, Ni alloys
and got the value of 3.9 m?/g for Mg, Nig75Mng 25 and 3.8 m?/g for
Mg, Ni, which indicates that substitution of Mn for Ni at x=0.25
is indeed helpful for increasing the specific surface areas of the
alloys.

4. Conclusions

Based on this study, the following conclusions can be obtained:
(1) substitution of Mn for Ni could inhibit the formation of MgNi,

phase that does not interact with hydrogen; (2) the solid solubility
of Mn in Mg;Ni phase is low; (3) with the increase of substitution
amount of Mn for Ni from x=0 to x=0.375, the average crystal-
lite size decreases first from 12.5nm to 9.6 nm and then increases
from 9.6nm to 11.8 nm with the minimum 9.6 nm obtained at
x=0.25, while the microstrain monotonously decreases from 1.39%
to 0.82%; (4) SEM morphologies indicate that the powder particles
in all the compositions are mainly flaky and show cleavage frac-
ture morphology and inhomogeneous size distribution. The sizes of
subparticles of the composition Mg, Nig75Mng 25 are smaller than
those of the other compositions, which indicates that the substi-
tution of Mn for Ni at x=0.25 is favorable for the increase of the
surface areas of the Mg, Ni intermetallic compound.
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