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CHAPTER 1 

DEFINING THE PROBLEM 

 

1.1 INTRODUCTION 

Aluminum (Al) alloys are used in a wide variety of applications in the automobile, 

marine and aerospace industries, thanks to their low specific gravity, high strength-to-

weight ratio, high wear resistance, high reflectivity, excellent heat and electrical 

conductivity, low melting point, negligible gas solubility (with the exception of hydrogen), 

excellent castability and good corrosion resistance.  

Aluminum alloys can generally be classified as wrought alloys and casting alloys. 

Aluminum casting alloys constitute a group of cast materials that, in tonnage terms, is 

second only to ferrous castings. [1] This is largely because aluminum casting alloys are 

among the most versatile of foundry alloys. Moreover, many aluminum alloys are relatively 

free of hot short cracking and tearing tendencies, while at the same time yielding a good as-

cast surface finish with few or no blemishes at all. [2]  

Aluminum-silicon (Al-Si) base alloys belong to the 3xx and 4xx series. The three 

major heat-treatable alloy systems in the 3xx series are Al-Si-Mg, Al-Si-Cu and Al-Si-Cu-

Mg, where magnesium (Mg) and copper (Cu) represent two significant alloying elements 

that serve as strengtheners. [2] The most well-known of the Al-Si-Mg alloys are the 356 and 

357 alloys. While Mg is added to increase the strength, iron (Fe), manganese (Mn), nickel 

http://www.rapport-gratuit.com/
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(Ni) and chromium (Cr) are usually present as impurity elements. [3] 

 When combined with strontium (Sr), Mg negates the effect of Sr modification to 

such an extent, that a higher level of Sr is required to achieve full modification of the 

eutectic Si structure. In the Sr-modified Mg-free alloy, the Al-Si eutectic is better modified 

than the in the case of a Mg-containing alloy modified with the same amount of Sr. [3, 4] The 

volume fraction of the Fe-rich intermetallics in 357 alloys is larger than it is in 356 alloys 

as a result of the formation of larger amounts of the π-AlFeMgSi iron-intermetallic phase 

due to the higher Mg content of the former. [5, 6] 

Aluminum-copper-magnesium-zinc (Al-Cu-Mg-Zn) heat-treatable alloys belong to 

the 7xxx series of aluminum wrought alloys, where Mg and Cu are added to act as 

strengtheners. [2] Zinc is known to increase hot-cracking tendency in aluminum casting 

alloys and for its sensitivity to stress-corrosion cracking with respect to aluminum wrought 

alloys; such effects limit its use. When added with other elements, however, zinc offers the 

highest combination of tensile properties in wrought aluminum alloys. The addition of 

copper, for example, to aluminum, magnesium and zinc, together with small amounts of 

chromium and manganese, results in some very high strength aluminum wrought alloys.  

In the Al-Cu-Mg-Zn alloying system, zinc and magnesium control the aging 

process. The effect of copper is to increase the aging rate via the nucleation of the 

CuMgAl2 phase. Copper also increases the quench sensitivity upon heat treatment of these 

alloys as well as the resistance to stress corrosion. Minor alloy additions, such as Cr and Zr, 

have a marked effect on mechanical properties and corrosion resistance of 7xxx series 

wrought alloys. [2, 7] Beside its tendency to form very coarse constituents with other 



 
 

 

4

impurities or additions such as Mn, Fe and Ti, Cr is used to control grain structure, to 

prevent grain growth in Al-Mg alloys, and to prevent recrystallization in Al-Si-Mg or Al-

Mg-Zn alloys during hot working or heat treatment whereas Zr is used to increase the 

recrystallization temperature and to control the grain structure in Al-Mg-Zn wrought 

products. Two well-known examples of Al-Cu-Mg-Zn alloys include the 7075 and 7475 

alloys. 

In both the Al-Si-Mg casting and Al-Cu-Mg-Zn wrought alloy systems, beryllium 

(Be) is added to prevent oxidation of magnesium as well as to improve the alloy strength 

and ductility by influencing the morphology and chemistry of Fe-containing 

intermetallics.[8] The mechanical behavior of a given alloy, i.e. the alloy strength and 

quality, is usually affected by the alloy chemical composition and any heat treatment 

conditions that may have been applied. 

The aeronautical industry is the main field using such heat-treatable alloying 

systems, where engine parts can be made from Al-Si-Mg casting alloys, while other 

structural applications are produced from Al-Cu-Mg-Zn wrought alloys. Such critical 

applications are designed for high strength and ductility, both of which can be improved by 

adjusting the alloy chemical composition or through the use of a specific heat treatment. 

The importance of these applications forms the primary motivation behind the current 

study.  

 

 

 



 
 

 

5

1.2 OBJECTIVES 

The main purpose of this study is to investigate the effects of alloying elements and 

heat treatment conditions on the microstructure and mechanical behaviour of non-modified 

and Sr-modified 356- and 357-type alloys, as well as to adjust and develop both the alloy 

composition and heat treatment(s) for 7075- and 7475-type alloys, in order to obtain an 

ultimate tensile strength value of ~1 GPa. In order to accomplish these objectives, the 

following factors and aspects were examined: 

(i)  The influence of alloying elements on the aging behaviour of alloy castings 

with respect to Fe content, Sr modification, grain refining, addition of Mg 

and Be, as well as solution heat treatment and aging parameters. 

(ii)  Microstructural analysis of the precipitated phases during solidification. 

(iii)  Correlating the results obtained from tensile tests along with the 

microstructural analysis to determine the effects of alloying elements, 

intermetallic phases, changes in the morphology, solutionizing parameters 

and aging conditions on a given alloy’s mechanical properties. 

(iv) Improving both the alloy tensile properties and quality. 

(v)  Technology transfer. 
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CHAPTER 2 

REVIEW OF THE LITERATURE 

 

2.1 ALUMINUM ALLOYS 

The properties and quality of aluminum alloys are influenced by the alloying 

elements and impurities usually present in aluminum. The main alloying elements are 

silicon (Si), copper (Cu), magnesium (Mg), manganese (Mn) and zinc (Zn), whereas the 

main impurities and additions include iron (Fe), chromium (Cr), titanium (Ti), nickel (Ni), 

cobalt (Co), silver (Ag), lithium (Li), vanadium (V), zirconium (Zr), tin (Sn), lead (Pb), and 

bismuth (Bi). Some elements found or added as trace elements are strontium (Sr), beryllium 

(Be), boron (B), sodium (Na) and/or antimony (Sb). 

 

2.1.1 Classification of Aluminum Alloys 

As Figure 2.1 shows, aluminum alloys can be classified into four groups, mainly, 

casting alloys, wrought alloys, work-hardenable alloys, and age-hardenable alloys. This 

classification depends mainly on the alloying content and on whether or not an alloy can be 

hardened by the addition of alloying elements, as in the case of the precipitation-hardened 

alloys which can be strengthened by aging. The work-hardenable alloys are those that 

cannot be hardened by aging, and are hardened by working the alloy. [9] 
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2.1.1.1 Aluminum-Silicon Casting Alloys 

Worldwide, Al-Si base casting alloys are widely used in high strength industrial 

applications on account of their low density and capacity for being cast in complex shapes. 

Nowadays, such alloys are used extensively in the automotive industry for engine 

components including blocks, cylinder heads, pistons, intake manifolds, and brackets, 

where these alloys have replaced cast iron components in many cases. [9] 

 

 

 

Figure 2.1 Schematic diagram showing cast and wrought aluminum alloys: (1) Casting 
alloys, (2) Wrought alloys, (3) Work-hardenable alloys and (4) Age-
hardenable alloys. [9] 
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Silicon has a lower density compared to aluminum, and is one of the few elements 

which may be added to it without the loss of a weight advantage. Alloys with silicon as a 

major alloying element are of significance in the industry and are widely used because of 

their superior casting characteristics. The Al-Si base alloys constitute 85% to 90% of all 

aluminum castings. Their other outstanding features include high corrosion resistance, a 

low thermal expansion coefficient, weldability, and high mechanical properties. [2, 10] 

Depending on the silicon content, Al-Si alloys are divided into three groups: 

hypoeutectic alloys with a Si content of between 5 and 10%, eutectic alloys with 11-13% 

Si, and hypereutectic alloys, commonly having a Si content of between 14 and 20%. 

The excellent castability and mechanical properties of Al–Si–Mg cast alloys make 

them popular foundry alloys for aerospace applications. These alloys are usually heat-

treated in order to obtain an optimum combination of strength and ductility. The relevant 

heat treatment consists of solution treatment and quenching, followed by artificial aging. 

Magnesium is often added as an alloying element to increase strength and hardenability 

values, whereas Fe, Mn, Ni, and Cr are usually present as impurity elements. 

The mechanical properties may also be enhanced by changing the morphology of 

the eutectic silicon particles from their normally acicular brittle form to a more fibrous and 

rounded form. The desired modification may be obtained through the addition of a 

chemical modifier such as sodium (Na) or Sr to the alloy, or else by means of solution heat 

treatment during which the Si particles are fragmented and become spheroidized. Long 

solution treatment times can lead to particle coarsening. [2, 11] 
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The percentage of Si in Al-Si alloys together with the shape and distribution of this 

element all play an important role in determining mechanical properties; under normal 

conditions, eutectic silicon displays an acicular or lamellar morphology. Strontium is 

commonly used in Al-Si casting alloys to modify the morphology of eutectic silicon from a 

coarse, flake-like form to a fine fibrous one so as to improve the mechanical properties of 

the alloy, particularly ductility. 

With the addition of Sr, the eutectic temperature of the Al-Si eutectic reaction is 

depressed; subsequently this depression is often used to estimate the degree of modification 

which has taken place in the Al-Si alloy. Other alloying elements such as Mg and Be, 

together with varying amounts of iron, manganese, and zinc as impurity elements, go into 

solid solution in the matrix and form intermetallic particles during solidification. 

When combined with Sr, Mg negates the effect of Sr modification to such an extent, 

that a much higher level of Sr is required to achieve full modification of the eutectic Si 

structure. In the Sr-modified Mg-free alloy, the Al-Si eutectic is better modified than the 

one in the Mg-containing alloy modified with the same amount of Sr. The volume fraction 

of the iron-rich intermetallics in 357 alloys is larger than it is in 356 alloys containing same 

level of Mg as a result of the formation of larger amounts of the π-AlFeMgSi iron-

intermetallic phase. [5, 6] 

The tensile properties can be correlated to the microstructure and to the formation of 

intermetallic phases and porosity. In general, with an increase in the volume fraction and 

size of intermetallics and porosity, the tensile properties tend to decrease.  
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Heat-treatable aluminum alloys are those whose mechanical properties may be 

improved by using a specified heat treatment or temper. Heat treatment is an elevated 

temperature process designed to allow soluble elements such as Mg to become 

supersaturated in solid solution, followed by cooling which is rapid enough to prevent the 

excess solute from precipitating. The T6 heat treatment process involves three stages, 

namely, solution heat treatment, quenching, and aging. The purpose of the solution heat 

treatment is to put the maximum amount of hardening solutes such as Mg into solid 

solution in the aluminum matrix. 

The recommended solution temperature for 356 and 357 alloys is 540 ± 5oC; this 

temperature was selected to obtain maximum concentrations of Mg and Si in solid 

solution.[5, 12] Quenching is the step which follows upon solution heat treatment; it is 

usually conducted in water, making it possible to freeze the structure for a brief period of 

time. The purpose of this process is to preserve the solid solution formed at the solution 

heat treating temperature by means of rapid cooling to some lower temperature usually 

close to room temperature. 

Aging treatment is the controlled process of allowing the hardening constituents to 

re-precipitate either at room temperature (natural aging) or at an elevated temperature 

(artificial aging), thereby producing a hardening effect. The highest strength values may 

thus be obtained by the proper combination of solution heat treatment, quenching, and 

artificial aging. 
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2.2 Al-Si-Mg ALLOY SYSTEM 

An important group of alloys, used for critical aerospace applications, in the Al-Si 

system are Al-Si-Mg alloys, which are hardened by Mg2Si, such as the 356 and 357 alloys. 

Magnesium is the basis for strength and hardness development in heat-treated Al-Si alloys. 

In the heat-treated condition, the hardening phase Mg2Si has a solubility limit 

corresponding to approximately 0.7% Mg. [13] Beyond this limit, no further strengthening 

occurs nor does matrix softening take place. At room temperature, quantities of magnesium 

exceeding 0.3% Mg will be present as Mg2Si. An increase of magnesium, within the alloy 

range, results in increased strength at the expense of ductility. Magnesium also has a 

beneficial effect on corrosion resistance. By including additional elements, it is possible to 

improve the mechanical properties of Al-Si-Mg alloys. 

With regard to these alloys, iron is considered an impurity originating in the process 

of mining aluminum from the ore. It often appears in the form of AlFeSi intermetallics at 

the grain boundaries, causing a severe loss of ductility in the alloy; strength may also be 

noticeably affected. As a result, the iron-content is kept significantly low in premium 

quality alloys which are used for aircraft and aerospace castings requiring high-grade 

quality properties. Copper is present primarily as an impurity in Al-Si-Mg alloys and 

decreases the sensitivity of the alloy to quench rates. It also increases the stress-hardening 

effect as well as the strength in the T6 temper. Higher copper-content decreases ductility 

and resistance to corrosion, while additions of manganese, chromium, and zirconium 

inhibit recrystallization during solution treatment. Manganese additions increase creep and 

fatigue resistance and, to some extent, counteract copper in neutralizing the corrosion 
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susceptibility of the alloy. Manganese converts the crystallization of needle-like 

intermetallic phases to cubic or globular forms, such as Chinese script morphology, which 

have less harmful characteristics. This type of morphology improves tensile strength, 

elongation and ductility. [14-16] Furthermore, it should be noticed that small amounts of 

manganese (usually Mn:Fe is 1:2) play a positive role by breaking up the iron needles. [16] 

When added in a higher ratio or in the presence of chromium, depending on the melt 

temperature, manganese produces a hard multi-component intermetallic compound, 

commonly referred to as sludge, which affects the mechanical properties of the casting. 

Lead and bismuth may be deemed useful additions for improving the machining 

characteristics of the alloy. [17, 18] 

The most well-known alloys belonging to the Al-Si-Mg alloy system are the 356 

and 357 alloys. The chemical compositions for various 356 and 357-type alloys are 

presented in Table 2.1. [19] 

 

Table 2.1 Chemical composition of 356 and 357 alloys (wt%) [19] 

AA 

Alloy No.* 
Chemical Composition (wt%)**  

Si Fe Cu Mg Zn Other 

356 

A356 

B356 

7.0 

7.0 

7.0 

<0.6 

<0.2 

<0.09 

<0.25 

<0.2 

<0.05 

0.35 

0.35 

0.35 

<0.35 

<0.1 

<0.05 

… 

… 

… 

357 

A357 

B357 

7.0 

7.0 

7.0 

<0.15 

<0.20 

<0.09 

<0.05 

<0.2 

<0.05 

0.55 

0.55 

0.50 

<0.05 

<0.10 

<0.05 

… 

0.05 Be 

… 

*  AA: Aluminum Association 
**  Unlisted Aluminum or impurities 
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2.3 INTERMETALLIC PHASES IN Al-Si-Mg ALLOYS 

Both of 356 and A357 alloys contain 7 wt% Si but have different Mg levels of 

approximately 0.45 wt% and 0.7 wt% Mg, respectively. Alloys 356 and 357 have been 

widely used for automotive and aerospace applications requiring the highest strength with 

reasonable ductility. A357 alloys also contain a small amount of beryllium which is added 

in order to improve strength and ductility through its effect on the morphology and 

chemistry of the π-phase iron-containing intermetallic. [20] 

The solid solubility of iron in molten aluminum is about 0.03-0.05 wt% at the 

eutectic temperature of 577oC. Thus, most of the iron present above this level appears in the 

form of iron intermetallic phases. When iron combines with Al and Si, it forms a β-Al 5FeSi 

intermetallic phase displaying a platelet-like shape. In the case where Mg is present, 

another intermetallic tends to form and is called the π-phase whereby Al9FeMg3Si5 may be 

produced. Experimental studies have demonstrated that the formation of iron intermetallic 

compounds is influenced by alloy composition as well as by the cooling rate. Iron 

intermetallic phases have a crystal structure which differs from that of aluminum; normally 

they have high hardness values, with low plasticity compared to the Al-matrix. Thus, iron 

intermetallic phases appear to have a significant effect on Al-Si-Mg alloys by reducing 

their strength and ductility. [21-23]  

Bäckerud et al. [24] reported that the main reactions to be observed in the Al-7Si-

0.56Mg alloy containing 0.14wt% Fe are (i) the formation of primary α-Al dendrites, (ii) 

the formation of the Al-Si eutectic along with the β-phase iron-intermetallic phase, and (iii) 

the formation of secondary eutectic phases, as may be seen in Table 2.2. The cooling curve 
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and its first derivative are shown in Figure 2.2. It will be observed that there are two 

possible reactions required for the formation of the π-phase: the first is a result of the 

transformation of the β-Al 5FeSi phase into the π-phase through a peritectic reaction, as will 

be found listed under reaction 4 in Table 2.2; the second, on the other hand, forms as a 

result of the quaternary eutectic reaction occurring at the end of the solidification sequence, 

as listed under reaction 5. The general microstructure of Al-7%Si-Mg alloys consists of (i) 

primary α-Al; (ii) Mg 2Si displaying Chinese script morphology; (iii) β-phase (Al5FeSi) 

with its plate-like morphology; and (iv) the script-like π-phase (Al8FeMg3Si6), as shown in 

Figure 2.3. 

 

Table 2.2 Expected reactions to occur in A357 alloys [24] 

Reaction No. Reaction  Temperature ºC 

1 Dendritic network 611 

2 L → Al + Si 577 

3 L → Al + Si + Al5FeSi 575 

4 L + Al5FeSi → Al + Si + Al8FeMg3Si6 567 

5 L → Al + Si + Mg2Si  555 

6 L → Al + Si + Mg2Si + Al8FeMg3Si6 550 
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Figure 2.2 Cooling curve and its derivative for alloy A357. [24] 

 

 

Figure 2.3 Optical micrograph of non-modified 357 alloy showing: (1) eutectic silicon, 
(2) Al8FeMg3Si6 Chinese script, (3) Mg2Si Chinese script, (4) Al5FeSi 
needles. [24] 
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Phragmén [25] reported that the composition of the β-Al 5FeSi phase is 27% Fe and 

13.5% Si with a density of 3.30-3.35 g/cm3, appearing in the form of thin platelets or 

needles in the microstructure. The β-Al 5FeSi phase grows in a lateral or faceted mode and 

contains multiple (001) growth twins parallel to the growth direction. [26] The possible 

morphology of β-Al 5FeSi is shown in Figure 2.3. The first suggestion of the stoichiometry 

of the π-phase by Foss et al. [27] was Al9FeMg3Si5; this stoichiometry deviates from the 

Al 8FeMg3Si6 suggested by others. The π-phase is a quaternary phase having a script-like 

morphology, often linked with β-Al 5FeSi.  [28] The chemical composition of this π-phase is 

10.9% Fe, 32.9% Si, and 14.1% Mg, with a density of 2.82 g/cm3. Figure 2.4 shows the 

only two possible morphologies observed for the π-phase. [28-30]  
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Figure 2.4 Optical micrographs showing various iron-containing intermetallics 
(arrowed) and their typical morphologies in Al-5%Si-1%Cu-0.5%Mg-(Fe) 
alloys: (a) β-Al 5FeSi platelets, (b) script-like α-Al 8Fe2Si, (c) π-Al 8FeMg3Si6 

phase growing from and connected with β and (d) script-like π-phase. [30] 
 

2.4 ROLE OF ALLOYING ELEMENTS AND IMPURITIES 

Casting alloys are defined by their chemical composition and according to the major 

alloying elements present in the alloy. The alloying elements and impurities present in an 

alloy together with the cooling rate, determine which constituents will precipitate. These 

major alloying elements are added to increase the strength and other properties of 

aluminum casting alloys. 
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2.4.1 Role of Strontium Modification  

 The improvement in mechanical properties has generally been attributed to 

variations in the morphology and size of the eutectic silicon particles. Silicon content and 

its morphology in the structure have a significant influence on the mechanical properties of 

the alloys. Chemical modifiers are elements which are used mainly for transforming the 

morphology of the coarse acicular silicon in the eutectic structure of Al-Si alloys into a 

finer or more fibrous form in order to improve the mechanical properties. The most 

common modifying elements used are sodium and strontium, [31] although nowadays Sr is 

mostly employed for modification purposes, in the form of Al-Sr master alloys. The 

modification mechanism of the Si particles and changes in their morphology has been 

described by Mondolfo. [29] Although the presence of strontium can change the morphology 

of the silicon particles, when the Al-Si alloy contains more than 0.05 wt% Sr, the formation 

of undesirable Sr-compounds such as Al2SrSi2 contributes to a decrease in mechanical 

properties. [32] The addition of Sr is associated with an increase in the amount of porosity 

and inclusions. 

 It has been reported that the iron intermetallic volume fraction is lower in the Sr-

modified alloys compared to non-modified alloys. The lower volume fraction of the iron 

intermetallics in the Sr-modified alloys may be attributed to the effects of Sr modification 

on the fragmentation of iron intermetallics in the as-cast Al-Si alloys. [33] Peyman et al. [34] 

studied the influence of Sr addition on intermetallic compound morphologies in an Al-Si-

Cu-Fe cast alloy; they observed that the length and volume fraction of the β-phase 

decreases and that the number density of particles increases upon adding 0.015 % Sr, 
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indicating that Sr proves to be an effective element in the modification and shortening of 

the β-intermetallic phase particles. 

 It has been observed that the addition of strontium acts as an obstacle for the 

nucleation of the β-needles, by reducing the number of sites ultimately available for 

nucleation. As a result, the β-iron phase precipitates at a smaller number of sites, leading to 

the precipitation of needles which are larger compared to those in the non-modified 

alloy.[35] These studies [34, 35] contradict each other. It has been found that for 319 alloy 

containing 0.46% Fe and which solidified at a slow cooling rate, the optimum Sr levels lie 

closer to the limit of 400 ppm. As the iron level increases, the optimum Sr level will be 

observed to shift towards the higher limit. [36] 

 Silicon content and its morphology in the structure have a significant influence on 

the mechanical properties of the alloys as shown by the curves in Figure 2.5. As the silicon 

content increases, the tensile strength of the alloy is enhanced; however, at the same time, 

the brittle nature and flake morphology of the unmodified silicon phase will affect the alloy 

ductility adversely. After modification, both tensile strength and elongation are improved, 

with the greatest improvement being observed in the elongation. [37] 
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Figure 2.5 Influence of Si-content on the mechanical properties of Al-Si alloys; full 

lines: modified alloys; dashed lines: unmodified alloys. 
[37] 

 

 

 Figure 2.6 shows the variation in the elongation with differing strontium levels for 

three different cooling rates in a 356 alloy. At all cooling rates, the elongation due to 

strontium modification was observed to have been improved. The detrimental effect due to 

over modification at higher Sr levels is also evident from the figure. [38] A comparison of 

the mechanical properties for modified and unmodified alloys is given in Table 2.3 for 

some commonly used T6-heat treated 356 alloys. [39] 
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Figure 2.6 Variation of the elongation with Sr level for three different cooling rates, 

Band 1: cooling rate 1.5
o
C/s. Band 2: cooling rate 0.5

o
C/s. Band 3: cooling 

rate 0.08
o
C/s. 

[38] 
 
 
Table 2.3 Typical mechanical properties of as-cast and modified 356 alloys 

[39] 

Alloy and temper  Modification UTS (MPa) Elongation (%) 

356.0-T6 None 288.9 2.0 

0.07% Sr 293.0 3.0 

A356.0-T6 None 275.8 4.8 

0.07% Sr 296.5 8 

 

Figure 2.7 shows the mechanical properties of A356.0 alloy modified with 

strontium. 
[1] 

Impact properties are much more sensitive to modification than tensile 

properties, where the impact strength of the modified alloy is seen to increase to three times 

its value, the elongation value is doubled, although both yield and strength remain virtually 

unaffected. 
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Figure 2.7 Mechanical properties of A356.0 alloy modified with strontium. 
[1] 

 

 
 

The relationship between the Quality Index and the changes occurring in the 

microstructure of A356 alloys as a result of heat treatment and the addition of different 

levels of pure Sr was investigated by Closset et al. [38, 40] They plotted the Q values as a 

function of different cooling rates and Sr content, as shown in Figure 2.8. This figure 

reveals an increase in the Q value with increases in Sr content, but at certain values of the 

Sr content, the Q value starts to decrease for all the cooling rates studied (Band 1: cooling 

rate 1.5
o
C/s. Band 2: cooling rate 0.5

o
C/s. Band 3: cooling rate 0.08

o
C/s). 

[38] The increase 

in the Q values observed with Sr additions of up to 0.03 wt% is a result of changes in the 

acicular morphology of the Si particles to a fibrous form, leading to a decrease in the 

number of crack initiation sites and thus also to an increase in the elongation to fracture. 
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The apparent reason for the drop in quality values, as the Sr content grew greater than 0.03 

wt%, was the over-modification of the Si particles and the formation of the Al3SrSi 

intermetallic phase, which is brittle and also not affected by heat treatment. The optimum 

mechanical properties were also obtained in the Sr range of 0.005 to 0.015%. [10, 31] 

 

 

Figure 2.8 Variation of the Quality Index (Q) in relation to Sr content for different 
cooling rates.[38] 

 

 
2.4.2 Role of Magnesium  

The Al-Si-Mg system is represented by the pseudo-binary Al-Mg2Si diagram shown 

in Figure 2.9. The structure of Al-Si-Mg alloys is controlled through eutectic modification 

and heat treatment resulting in enhancing the alloy properties compared to the non-

modified and/or as-cast case. Alloy 357 can be distinguished from 356 alloys by its higher 

Mg level; consequently, heat-treated 357 alloys have higher tensile strength than 356 alloys. 

A356.0 and A357.0 alloys are higher purity versions of 356.0 and 357.0 alloys, and hence 
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have higher mechanical properties. 

 

Figure 2.9 Pseudo-binary Al-Mg2Si phase diagram. [1] 
 

 

For Al-Si-Fe-Mg cast alloys, the results reveal that the π-phase and β-phase volume 

fractions remain constant regardless of the Mg content, whereas the amount of Mg2Si 

appears to increase generally, as shown in Figure 2.10. 
[41] 

Cáceres et al. 
[42] 

studied the 

microstructures of two Al-Si-Mg casting alloys, respectively containing 0.4 wt% and 

0.7wt% Mg. They observed that the iron intermetallic phases in high Mg-content alloys are 

larger than they are in alloys containing low levels of magnesium, and that the iron-rich 

intermetallic phases in low-Mg alloys were exclusively small β-phase plates, while large π-

phase (Al9FeMg3Si5) particles were dominant in high-Mg alloys together with a small 

proportion of the β-phase. It has been observed that the addition of Mg to Al-Si-Mg casting 



 

 

26

alloys, at three different cooling rates, changes the solidification sequence and the type of 

iron intermetallic phase formed. [24] At Mg additions of more than 1%to molten 319 type 

alloys, the volume fraction of the β-phase is reduced as a result of the transformation of the 

β-phase into the π-phase. [33] It has been reported that increasing the Mg content from 0.4 to 

0.7wt% in 357 alloys significantly increases the potential for the formation of the Mg-

containing Al8FeMg3Si6 iron intermetallic phase. [43] 

 

 

Figure 2.10 Volume fractions of Mg2Si, β-Fe, and π-Fe intermetallic phases in as-cast  
Al-7Si-0.12Fe-xMg alloys as a function of Mg content. [41] 

 
 
 

Adding magnesium allows the casting to be heat-treated, whereby Mg2Si 

precipitates upon aging, hardening the alloy and providing a specific combination of 

strength and ductility. High Mg levels increase the amount of Mg2Si precipitates formed 

during aging, thereby increasing the yield strength (YS) and the ultimate tensile strength 

(UTS) of the alloy. Increasing Mg even in small amounts will result in an increase in the 
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yield strength of Be-free Al-Si-Mg alloys, as shown in Figure 2.11. [44, 45] The low YS for 

the high-Mg alloys results from the presence of the π-phase iron intermetallic, which in 

itself consumes large amounts of magnesium from the solid solution, thereby reducing the 

amount of Mg available to form Mg2Si precipitates after ageing. [6, 46] 

Möller et al. [47] reported that increasing the Mg content from 0.25 to 0.45 wt% 

greatly increases the UTS and YS, although increasing this content beyond 0.45wt% causes 

an increase in YS and UTS to less than expected values. The expected values were 

obtained, however, by a linear extrapolation of the strength of lower Mg content in A356 

alloys to actual F357 Mg concentrations (same as A357 except no Be), as shown in Figure 

2.12. A number of authors [42, 43] have reported that an increase in the YS and UTS is 

usually accompanied by a decrease in the ductility, especially in the presence of high levels 

of Mg as in 357 alloys. This reduction results from the presence of π-phase particles which 

are much larger than the silicon particles in Sr-modified 357 alloys, [42] or from the fracture 

of π-phase particles which plays an important role in the reduction of ductility, especially in 

the modified alloy, where these particles are more easily fractured than in the non-modified 

alloy. [43] 
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Figure 2.11 Effect of Mg on T6 yield strength in hypoeutectic Al-Si alloys. [44] 

 

 

 

 
 

Figure 2.12 Yield strength and ultimate tensile strength of T6-A356 alloy as a function 
of the bulk Mg concentration of the alloys. [47] 
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2.4.3 Role of Iron 

Any element which is not classified as an alloying component is termed an 

impurity, and as such it is deemed to have a negative effect on the castability, mechanical 

properties and heat treatment of aluminum alloys. Among such elements, iron is a common 

impurity in aluminum alloys arising from a number of sources. It is usually considered 

detrimental for Al-Si based casting alloys.[33,48] Iron can enter the melt during further 

downstream melt activity through two basic mechanisms: (i) liquid aluminum is capable of 

dissolving iron from unprotected steel tools and furnace equipment, or (ii) iron may also 

enter an aluminum melt via the addition of low-purity alloying materials such as Si, or via 

the addition of scrap that contains higher background iron than the primary metal. 

Manganese is a common alloying element used as an addition to neutralize the 

effect of iron and to modify the morphology and type of the intermetallic phases formed. 

Manganese is added to many of the alloys for two main purposes: (i) to increase high-

temperature strength and creep resistance through the formation of the high melting point 

compounds; Cu2Mn3Al20, MnCrAl12, Al15(Fe,Mn)3Si2 and more complex compounds 

containing chromium and nickel; and (ii) to correct the embrittling effect of Fe. [33, 48]  

 Figure 2.13 shows the binary Al-Fe equilibrium phase diagram. [48] With long 

holding times, Fe levels can reach 2 wt% at a normal melt temperature of ~700oC and an 

Al-Fe eutectic exists at 1.7 wt% Fe, 655oC. For a melt held at 800oC, the Fe level may 

reach up to 5%. 
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Figure 2.13 Binary Al-Fe equilibrium phase diagram. [48] 

 

 

The detrimental effect of iron begins at a somewhat low primary Fe-level but 

becomes far more serious once a critical Fe-level, dependent on the alloy composition, is 

exceeded. The critical iron level is directly related to the concentration of both Si and Mg in 

the alloy; this concentration controls the formation of Fe phases, mainly β-Al 5FeSi, α-

Al 15(Fe,Mn)3Si2 and π-Al 8FeMg3Si6. Increasing Fe leads to a gradual reduction in the 

elongation, impact strength, and tensile strength of Al-Si alloys, while the Brinell hardness 

and yield strength are reported to increase gradually. Iron contents of up to 0.2% improve 

the tensile strength, while higher levels reduce the tensile strength and elongation, and 

increase hardness. [49] It has been reported that the percentage of the β-phase rapidly 
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increases with the iron concentration for a given concentration of Mn, as shown in Figure 

2.14. [50] 

 

 

Figure 2.14 Dependence of the percentage of β-phase vs. iron content in Al-Si cast 
alloys. [50] 

 

 

The effects of Fe on the Quality Index, Q, in A356 alloys are shown in Figure 2.15, 

and indicate that Q decreases upon increasing the Fe content from 0.16 to 0.4% wt. [40] 

Figure 2.16 reveals that a significant decrease in the yield strength is observed for A357 

alloys at Fe contents higher than 0.06 wt% Fe, [44] whereas in 356 alloys, the UTS and YS 

decrease significantly, by 20 and 18%, respectively, as the Fe level increases from 0.2 to 0.8 

wt%, as shown in Figure 2.17. [51] 
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Figure 2.15 Variation of the quality index with Fe content. [40] 

 

Figure 2.16 Effect of Fe on the yield strength in an A357 alloy. [44] 
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Figure 2.17 Effects of Fe impurity on the mechanical properties of 356 alloys. [50] 

 

 

Taylor et al. [41] studied the effects of Fe content on the volume fraction of the three 

intermetallic phases, Mg2Si, β-Fe, and π-Fe in as-cast Al-7Si-0.4Mg alloy; they found that 

all the intermetallic phases appear to increase with the Fe content, as shown in Figure 2.18, 

where it may be observed that the dominant phase in all the as-cast alloys studied is the π-

iron intermetallic phase. 
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Figure 2.18 Volume fractions of the Mg2Si, β-Fe and π-Fe phases present in as-cast 
Al-7Si-xMg-0.12Fe alloy. [41] 

 
 
 
 
2.4.4 Role of Beryllium  

Reducing the detrimental effects of iron intermetallics by adding certain elements in 

trace amounts to the melt has been reported to act as an effective neutralizer of the effects 

of iron in forming iron intermetallic phases. There are several trace elements which are 

liable to neutralize the embrittlement effect of iron intermetallics; these include chromium, 

beryllium, cobalt, manganese, and molybdenum. Beryllium is found or added as a trace 

element to Al alloys. Figure 2.19 shows the binary Al-Be equilibrium phase diagram. 
[52] 

An Al-Be eutectic composition exists at 0.5-1.4 wt% Be with the eutectic temperature at 

644-647
o
C. 
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The presence of Be in Al-Si casting alloys reduces the oxidation of the molten 

metal. The diffusion of the small beryllium ions into the oxide film causes a contraction of 

the oxide which establishes a denser, more protective film on the melt surface thereby 

impeding attack from the oxygen present in the atmosphere. [53] Adding Be in premium 

quality aluminum alloys leads to the production of a clean melt and to the formation of an 

oxidation layer which also prevents Mg from oxidizing, consequently increasing the 

amount of Mg available to form Mg2Si for the strengthening of the Al-Si-Mg alloys. [53] 

 

 

Figure 2.19 Binary Al-Be equilibrium phase diagram. [41] 
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The amount of π-phase intermetallic in the Be-free 357 alloy is higher than it is in a 

Be-containing alloy, particularly in the presence of high Mg levels. Also, in Be-containing 

357 alloys, the β-Al 5FeSi phase is replaced by the Chinese-script Al8Fe2Si phase, which 

reduces the embrittlement effect of the former. [54] An improvement in the mechanical 

properties of 356 alloys observed as a result of adding small amounts of Be was attributed 

to the change in solidification behavior as well as to alterations in the morphology of the β-

phase when changing into the Be-Fe (Al8Fe2BeSi) Chinese-script phase. [55-57]  It has been 

concluded that the addition of 500 ppm Be reduces the amount of the π-phase formed in Al-

7Si-xMg-0.1Fe alloys, such additions also facilitate the decomposition of the π-phase into 

the β-phase, particularly at higher levels of Mg content, that is to say, 1.0 wt%. [56]  

The addition of 500 ppm Be to Al-7Si-xMg-0.1Fe alloys containing 0.4, 0.6, and 

1.0wt% Mg has the potential for decreasing the volume fraction of the π-phase intermetallic 

in both non-modified and Sr-modified alloys, as shown in Figures 2.20 (a) and (b), 

respectively. Figure 2.21 shows the formation of Be-Fe phases with script morphology in 

Be-containing Al-7Si-0.6Mg alloys. [56] It has been found that the addition of 0.2% Be to 

Al-7Si-0.3Mg-0.8Fe results in the replacement of the β-phase by the α-Be-Fe phase; this 

phase tends to precipitate at temperatures which are higher than the formation temperature 

of the β-phase, consequently, reducing the iron available to form the β-phase. [57] 
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Figure 2.20 Effects of Fe and Mg contents on the volume fraction of π-phase in Al-7Si-

xMg-0.1Fe-0.05Be alloys: (a) non-modified alloys; (b) Sr-modified 
alloys.[56] 
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Figure 2.21 Backscattered electron image of Be-containing Sr-modified 357 alloy in the 
as-cast condition, showing the Be-Fe phase. [56] 

 

 

Beryllium has a positive effect on enhancing the mechanical properties of Al-Si-Mg 

alloys. It has been observed that the Be-containing alloys exhibit higher values of tensile 

strength at all levels of iron content, as shown in Figure 2.22, it is also observed that while 

the ductility of the Be-containing alloys initially decreases, it still remains higher than the 

ductility values for the other alloys. [51] 
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Figure 2.22 Effects of trace additions on the tensile properties of Al-Si-Mg-xFe alloys as 
a function of Fe content. [51] 
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2.4.5 Role of Titanium 

 The quality of Al-Si alloy castings may be improved by grain refinement which 

reduces the size of the primary α-Al grains in the microstructure, which would otherwise 

solidify into a coarse columnar grain structure. Chemical grain refinement involves the 

addition of special substrates to act as nucleants or to react with other elements in the melt 

to form solid nucleant particles. A fine grain size is promoted by the presence of an 

enhanced number of nuclei, with solidification proceeding at minimal undercooling. 

Furthermore, chemical grain refinement is beneficial to mechanical properties, particularly 

those which are sensitive to hot tearing and porosity. Chemical grain refiners are added to 

the melt as master alloys, mainly aluminides (TiAl3) and borides (TiB2), acting as 

heterogeneous nuclei for the formation of α-Al grains or crystals. According to the Al-Ti 

phase diagram shown in Figure 2.23, [58] the corresponding peritectic reaction occurs at 1.2 

wt% titanium and 665oC, with the limit of the peritectic horizontal placed at 0.15% Ti. 

 With the addition of Ti as a grain refiner, which introduces large amounts of 

nucleants into the melt, a number of equiaxed grains are formed, resulting in an 

improvement in the properties of cast solid solution type alloys. This improvement includes 

improved soundness, finer distribution of gas porosity, better mechanical deformation 

characteristics, and improved mechanical properties, such as yield strength, toughness and 

fatigue life. Grain refinement also improves machinability, the deep drawing ability of 

products, and surface finishing. 
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Figure 2.23 Aluminum-titanium phase diagram. [58] 

 

2.4.6 Combination Effect of Beryllium with the Other Alloying Elements 

Beryllium, in the presence of iron, changes the β-phase platelets into the Be-Fe 

(Al 8Fe2BeSi) Chinese-script phase [55-57, 59-62] which confirms its effect on the morphology 

and chemistry of iron-rich phases and may be increase mechanical performance values of 

Al-Si iron-containing alloys.  

Adding beryllium changes the morphology of iron-rich compounds to Chinese 

scripts and polygons. The aggregative Be–Fe phases are found in high Fe containing alloys. 

Be–Fe phases are located inside the α-Al. The fracture always takes place on iron-rich 

compounds. In the Be-containing alloy with iron, the crack propagation on Fe-phase was 
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delayed during fracture, and this is considered to be beneficial to the fracture toughness of 

the alloy. The mechanical properties of Be-containing alloys improve significantly. This is 

attributed to the alteration of Fe phase shape. [59] 

It was reported that the mechanical behavior of Al-11%Si casting alloys is 

dominated by the morphologies of the iron-rich phase and eutectic silicon. The morphology 

of iron-rich phase is changed from needle-shape into the Chinese-script and the eutectic 

silicon is refined when beryllium is added. The effect of the addition of Sr on the strength 

and ductility is superior to that of the addition of Be. The ductility and strength are 

increased as both the Be and Sr contents are increased. [60] In their study to investigate the 

mechanism for linear and nonlinear optical effects in SrBe3O4 crystal, Lin et al. [61] have 

reported that both calculated and experimental birefringence of the SeBe3O4 crystal are 

small. Thus it is expected that the crystal would have difficulty fulfilling the phase 

matching conditions. They confirm the Sr-Be interaction by means of electronic and band 

structure calculations, but did not assess whether this reaction will affect the alloy 

mechanical performance leading us to conclude this phase has a relatively negligible effect 

on the alloy performance. 

In Be-containing A357 alloys, both the plate-like β-Al 5FeSi and the script-type π-

Al 8FeMg3Si6 increase with increasing iron content. The iron-bearing phase is mostly 

transformed from the plate-like β-Al 5FeSi to the script-type π-Al 8FeMg3Si6 with the 

addition of Be. The hardness increases with increasing the iron level and with the addition 

of Be. [62] 
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The effects of Be and Fe additions on the microstructure and mechanical properties 

of A357.0 alloys were investigated by Yen-Hung and co-workers. [63] They concluded that 

a large amount of plate-like shape and Chinese-script shape of Mg-containing structure of 

iron-bearing phases were found in Be-free alloys. These structures are replaced by nodular 

shape and script morphology Mg-free structures of iron-bearing constituents when Be is 

added. The addition of Be could (i) enhance the precipitation kinetics and increase the 

amounts of Mg2Si, (ii) reduce the amount and modify the morphology of iron-rich 

compounds, (iii) lower the ternary and binary eutectic melting point, and (iv) improve the 

tensile properties. In Be-containing alloys, the silicon particles are smaller, their aspect 

ratio is closer to 1, and the small nodular iron-bearing compounds can improve the tensile 

properties. The effect on decreasing mechanical properties damage is more apparent in the 

higher Fe level than in the lower Fe content when Be is added. [63]  

In the case of Al-Si-Mg alloys, where magnesium is one of the main alloying 

elements, the MgBe13 phase precipitates during solidification. The equilibrium phase 

diagram of the Mg-Be system has not been determined as well as the effect of MgBe13 

phase formation on the microstructure and mechanical properties has not been evaluated. 

[64-66] Recently, the Fact Sagedatabase documentation [67] has presented this equilibrium 

phase diagram, Figure 2.24, from which the MgBe13 phase starts solidification at 

temperature less than 650oC (925K). In their study of sintered Mg-Be alloys, Ivanov et al. 

[66] have reported that the addition of finely dispersed magnesium oxide and an excess 

beryllium phase to the magnesium matrix secures an excellent combination of long-time 
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oxidation and heat resistance at temperatures substantially above the permissible operating 

temperatures of the usual magnesium-base alloys.  

 

Figure 2.24 Magnesium-beryllium phase diagram. [67] 

 

The addition of magnesium increases strength values during aging as a result of the 

precipitation of submicroscopic and metastable phases containing Mg and Si which provide 

distinct obstacles to dislocation movement. [68] In their investigation of the influence of 

alloying elements in the thermal analysis of Al-Si cast alloys, Heusler and Schneider [69] 

observed that any Sr-modified microstructure is clearly affected when magnesium is 

present. Microstructural parameters as obtained from image analysis, such as silicon 

particle size and aspect ratio, were found to increase with an increasing Mg content, 

subsequently becoming increasingly inhomogeneous. The reason for the deterioration in 
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modification is believed to be the formation of intermetallic phases of the type 

Mg2SrAl4Si3, where the addition of Mg also lowers the eutectic temperature; as may be 

seen in Figure 2.25, the eutectic temperature decreases with increasing Mg content. It was 

also reported, however, that a magnesium content of ~1 wt% itself acts as a refiner for the 

eutectic silicon in unmodified Al–Si alloys. [70] 

 

 

Figure 2.25 Depression of the eutectic temperature as a function of magnesium level for 
unmodified and strontium-modified Al-Si alloys. [69] 

 

 

2.5 HEAT TREATMENT OF AL-SI-MG ALLOYS 

The main objectives of heat treating cast Al-Si-Mg alloys include homogenization, 

stress relief, improved dimensional stability, and optimization of the strength and ductility 

parameters. The T6 heat-treated Al-Si-Mg alloys have an optimum combination of strength 

and ductility. The typical heat treatment specification of a T6 temper consists of solid 

solution treatment and quenching, followed by aging. The main effects of solution heat 

treatment are the dissolution of Mg2Si particles, the homogenization of the casting, and 
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modification the morphology of eutectic silicon through fragmentation and spheroidization 

at critical temperatures. The recommended solution temperature for 356 and 357 alloys is 

540±5oC. [5, 12] 

The purpose of quenching is to preserve the solid solution formed at the solution 

heat treatment temperature by rapid cooling to room temperature. The quenching medium 

and rate are the parameters which control the mechanical properties. The highest strength 

can be ensured when the material is subjected to a rapid quenching rate. Aging is the final 

stage of heat treatment in cast Al-Si-Mg alloys. The aging can be natural or artificial. Alloy 

mechanical properties depend on both aging temperature and time. The main objective of 

artificial aging is to heat the as-quenched castings to an intermediate temperature between 

150ºC and 200oC for 4 to 8hrs in order to precipitate the excess solutes which were 

supersaturated in α-Al during the solution heat treatment process. The improvement 

achieved in the mechanical properties during artificial aging is due to the precipitation of 

metastable phases from the supersaturated solution. Al-Si-Mg alloys fulfill the following 

precipitation sequences: [5, 71] 

    SS → needle-shaped GP zones → rod-like β’  precipitates → platelets of Mg2Si 

For Al-Si-Mg alloys, the solubility of Mg and Si in the Al matrix decreases with 

temperature, as shown in Figure 2.26. In order to obtain a maximum concentration of Mg 

and Si particles in solid solution, the solution temperature should be close to the eutectic 

temperature. For the 356 and 357 alloys, the solution temperature is 540 ± 5oC. At this 

temperature, about 0.6% Mg can be place in solid solution. The dissolution of Mg2Si into 

Mg and Si occurs in the two alloys at 475oC and 540oC, respectively. [12] 
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Figure 2.26 Equilibrium solubility of Mg and Si in solid aluminum when both Mg2Si 
and Si are present. [12] 

 

 
 

Solution heat treatment may also be employed as a useful technique for the 

dissolution or transformation of iron-rich intermetallic phases. It has been found that, in 

357 alloys, there is a reduction in the amount of π-phase at different levels of Mg after heat 

treatment. Closset and Gruzleski, [38] who studied the effects of solution heat treatment in 

356 alloy, observed that the dissolution of the π-phase depends on the levels of iron and 

magnesium present; thus, at levels of 0.16 wt% Fe and 0.45 wt% Mg the π-phase dissolves, 

whereas it is only partially dissolved at Mg levels of 0.65%. Gustafsson et al. [28] studied 

the effects of T6 temper on the microstructure of the same alloy as that used by Closset and 

Gruzleski; 
[38] they found that no changes were observed in the β-phase, although the π-

phase was seen to dissolve after solution heat treatment. 
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An investigation [72] was carried on the effects of T6 and T4 tempers on the tensile 

properties of non-modified and Sr-modified A356 alloys obtained from permanent mold 

and sand mold castings. The results showed that the yield strength is not appreciably 

influenced by the change in Si-particle characteristics. The UTS and %El increases 

significantly with increases in the solution treatment time at 540oC, as shown in Figures 

2.27 (a), (b), and (c). Also it observed that upon modification with Sr the fracture mode 

changes from brittle to ductile especially in sand castings. Both non-modified and Sr-

modified alloys obtained from permanent mold casting, however, showed ductile fracture 

mode. All the improvements in the tensile properties reported upon were related mainly to 

the changes which occurred in the Si particle aspect ratio and particle size during solution 

treatment. 

Yoshida and Arrowood [73] investigated the effects of variations from T6 standard 

treatment on the hardness, ductility, and UTS of aluminum alloy A356 cast in a permanent 

mold with and without strontium modification. The main variables considered in the 

experiments were solutionizing time and temperature. The as-cast samples were 

solutionized for various periods of time (2, 4, 8, 16, and 32 hrs) at 520oC/540oC and aged at 

160oC for 6.5 hours. The highest hardness was obtained at the shortest solutionizing time of 

2 hrs for both the unmodified and modified A356 alloy, while the highest ductility was not 

reached until the samples were solutionized for 8 hrs at the same temperature. A slight 

change in solutionizing temperature did not cause much variation in hardness, ductility, or 

UTS. It may also be concluded that the Sr-modified samples exhibit higher elongation than 

the unmodified ones under all the heat treatment conditions reported in this study. 
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Figure 2.27 Effects of solutionizing time on: (a) Yield Strength, (b) Ultimate Tensile 
Strength and (c) % Elongation. [72] 
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A valuable study was carried out by Moustafa et al. [74] They concluded that the 

addition of Sr decreases the hardness and strength (YS, UTS) of the Mg-containing alloys, 

which could probably arise from a retardation of the precipitation of Mg2Si during the 

aging process (i.e., increasing the incubation period prior to the commencement of 

precipitation), regardless of the solution time. Also, alloying element additions of Mg and 

Be result in improving the hardness and strength of the base alloy, especially in the T6 

condition, where adding small amount of Be (∼0.02%) prevents Mg oxidation (i.e., 

formation of MgO and MgAl2O4 (spinel)) during melting, the hardness increased slightly.  

Figure 2.28 (a) and (b) shows the effects of alloying elements additions and the T5 

conditions presented in this study; where M1 is Sr-modified, high Mg-containing alloy; M2 

is Sr-modified, low Mg-containing alloy; M2B is the alloy M2 after adding Be; M3 is Sr-

modified, high Mg-containing alloy; M4 is Sr-modified, low Mg-containing alloy, 

respectively. [74] 
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Figure 2.28 (a) Effect of Mg and Cu additions on the hardness of unmodified and Sr-
modified A413.1 alloys treated at different solution times and (b) Effect of 
Be addition on the hardness of M2 alloy as a function of solution time. [74] 
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2.6 MECHANICAL PROPERTIES OF Al-Si-Mg ALLOYS 

Strength, hardness, toughness, elasticity, brittleness, and ductility are all mechanical 

properties used to determine how metals behave under an applied load. Any improvement 

in mechanical properties is commonly evaluated through the tensile and impact properties 

of the material. The following may be considered among the most important of the many 

variables which affect the mechanical properties of the Al-Si-Mg alloy castings 

investigated in this study. [1, 2] 

(i) Alloy type and the variations in the chemical composition within the specified 

limits for that alloy; [75-79] 

(ii) Metal soundness, which may be affected by gas porosity, shrinkage porosity and 

non-metallic inclusions; [80, 81] 

(iii) Metallurgical characteristics, examples of which are macro-grain size and 

micro-constituent distribution; [82] 

(iv) Solidification rate, which may be related directly to the secondary dendrite arm 

spacing; [83-85] and 

(v) Heat-treatment, which brings about phase transformation of the alloy in the solid 

state. [86, 87] 

 

2.6.1 Tensile Testing 

 Tension tests provide information on the strength and ductility of materials under a 

uniaxial applied load. There are some basic assumptions which must be considered when 

analyzing the data obtained from such a test: firstly, that the loading must be entirely axial, 
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and secondly, that the deformation should take place uniformly along the length and 

through the cross-section of the test specimen. The data recorded from load and elongation 

may be normalized by either the original specimen length or the instantaneous specimen 

length to produce engineering stress-strain plots or true stress-true strain plots, respectively. 

The American Society for Testing and Materials (ASTM) has produced standard test 

specimen geometries and guidelines for tension testing. [88] 

 A stress-strain curve has two distinct regions: elastic deformation and plastic 

deformation. The curve shown in Figure 2.29 is typical of metallic behavior. Elastic 

deformation is temporary deformation, and displays full recovery when the load is 

removed. The elastic region of the stress-strain curve is the initial linear portion. Plastic 

deformation is permanent deformation. It does not recover when the load is removed, 

although a small elastic component may do so. The plastic region is the nonlinear portion 

generated once the load-strain exceeds its elastic limit. There is some difficulty in 

specifying precisely the point at which the stress-strain curve deviates from linearity and 

enters the plastic region. The convention defines yield strength as the intersection of the 

deformation curve with a straight-line parallel to the elastic portion and offset 0.2% on the 

strain axis. The yield strength represents the stress necessary to generate this small amount 

of permanent deformation. The slope of the stress-strain curve in the elastic region is the 

modulus of elasticity. 
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Figure 2.29 Effects Characteristics of the engineering stress-strain curve. [88]
 

 
 

2.7 QUALITY INDEX CHARTS FOR ALUMINUM FOUNDRY 

ALLOYS 

Quality index chart is an applicable evaluation tool used for selecting the optimum 

conditions to be applied in practice in order to develop superior tensile properties and 

optimum quality in Al-Si casting alloys. The optimum alloy quality in engineering 

applications is the great result of applying the maximum performance combined with cost 

efficiency. Alloy composition, solidification rate, heat treatment procedures, casting 

defects, and such microstructural features as grain size and intermetallic phases, are all 

parameters which closely affect alloy quality since they also influence the mechanical 

properties of the casting. The quality of aluminum alloy castings may be defined using 

numerical values which correlate to their mechanical properties. [89] The concept of quality 
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indices and quality charts as well as their progress since 1980 will be reviewed in the 

following subsections. 

For aluminum foundry alloys, the quality of castings may be defined using 

numerical values which correlate to their mechanical properties. Drouzy et al. [90] first 

proposed these numerical values in 1980 and termed them quality indices; these may be 

represented by the following equation: 

Q = UTS + d * log (El)                                                                              (1) 

where Q is the quality index in MPa, UTS refers to the ultimate tensile strength in MPa, El 

refers to the percentage elongation to fracture and d is a material constant equal to 150 MPa 

for Al-7Si-Mg alloys. The probable yield strength (YS) for the same alloy may be proposed 

as: 

 YS = a * UTS - b * log (El) + c                                                                 (2) 

where the coefficients a, b and c for Al-7Si-Mg were determined as 1, 60, and -13 

respectively, while the constants b and c are expressed in units of MPa. 

Equation (1) is used to generate the iso-Q lines in the quality charts proposed by 

Drouzy et al. [90, 91] whereas Equation (2) is used to generate the iso-probable yield strength 

lines. The quality chart generated using Equations (1) and (2) is shown in Figure 2.30. 

These quality charts are generated for use as a simple method of evaluating, selecting, and 

also predicting the most appropriate metallurgical conditions which may be applied to the 

castings so as to obtain the best possible compromise between tensile properties and casting 

quality. The quality index value, Q, is intrinsically related to the level of the quality of the 

castings which are susceptible to improvement through adequate control of the impurity 
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elements, casting defects, modification, solution heat treatment and solidification 

conditions. The probable yield strength, YS, depends mainly on the hardening elements 

such as magnesium and copper and also on the age-hardening conditions applied to the 

castings. [89-92] The right selection of the factors mentioned earlier may increase both quality 

index values and the probable yield strength in the directions shown in Figure 2.30. 

The quality chart shown in this figure provides sufficient information for each point 

located on this type of plot. This information supports the use of these charts in the 

evaluation of the appropriate metallurgical conditions to be applied to Al-Si casting alloys 

in order to obtain the specific prerequisite properties. [89] As may be seen in Figure 2.30, the 

properties which are known for each point located in the chart are the tensile strength, UTS, 

elongation to fracture, El, yield strength, YS, and the quality index value ,Q. 

After plotting the experimentally-determined tensile strength and tensile ductility 

for a particular alloy, the material of the best quality will be located near the upper right-

hand corner. Different alloys or processing conditions may thus be assessed on the basis of 

their locus on the chart. This is the logic behind the development of quality index charts.[93] 

The quality index chart proposed by Drouzy et al. [90] is the most form applicable for Al-

7Si-Mg 356 and 357 alloys as illustrated later. 

Din et al. [94] observed that the aging results obtained from Al-Cu alloys display 

curvilinear behavior upon plotting tensile strength versus the logarithm of elongation to 

fracture. According to these findings, Din et al. [94] concluded that the concept described in 

Equations (1) and (2) is not transferable to Al-Cu alloys. Thus, they proposed an alternative 
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definition of the quality concept. This new definition of quality index, can be applied also 

for Al-Si-Mg alloys, has the form of: 

QN = S0.2+ k * log (El)                                                                              (3) 

where S0.2 is the 0.2% proof strength and k is a material constant expressed in MPa which 

has a value of 50 for the under-aged and over-aged properties of A356 and A357 alloys. 

Figure 2.31 shows the quality chart generated using Equation (3) and also illustrates the 

properties which may be obtained for each point located in this particular type of chart. 

 

 

Figure 2.30 Example of the quality chart proposed by Drouzy et al. [90] generated using 
Equations (1) and (2). 
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Figure 2.31 Example of the quality chart proposed by Din et al. [94] generated using 
Equation (3) for Al-Si-Mg casting alloys with k = 50 MPa. 

 

 

Several authors [95-102] have developed some other definitions and forms for the 

quality index. The form suggested by Cáceres [95, 96] has developed as a theoretical model 

that depends on both the true stress and the true strain in the plastic deformation region 

through tensile testing. This form is similar to that presented by Din et al. [94] for Al-Cu 

alloys with more parameters each of them represent a factor affecting alloy quality. The Q 

index charts proposed by Alexopoulos and Pantelakis [97-101] as well as by Tiryakioğlu et 

al.[102] used for evaluating aluminum casting alloys for aircraft applications. These charts 

based on strain energy which is an indicator for the ductility and fracture toughness of the 

aluminum castings i.e. the amount of the absorbed energy up to fracture. 
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2.8 Al-Cu-Mg-Zn WROUGHT ALLOYS  

The 7075 alloy demonstrates a high response to age hardening. [103-109] It was 

reported that the T73 (180-280°C/8h) treatment with aging at a higher temperature reduces 

tensile strength by 15%. Using a combination of T6 (120°C/24h) and T73 tempers was 

recommended to resist stress corrosion cracking; also, increasing the Cu content 

compensates for the overaging effect in strength reduction. [108-112] Thermomechanical 

treatments, i.e. combinations of aging and deformation, and retrogression and re-aging 

(RRA) are other procedures used to optimize the 7000 alloy series tensile properties. The 

RRA sequence after solution heat treatment and quenching in cold water is: (i) T6 aging, 

120°C/24h, (ii) short time heating, 200-250°C/5-10 min, followed by cold water quenching 

and (iii) T6 re-aging, 120°C/24h. [112-114] 

At room temperature, high strength age hardenable 7xxx alloys are difficult to 

process by plastic deformation processes. The 7075 alloy develops an ultrafine structure 

and higher strength when it has been processed at cryorolling (CR) temperatures compared 

to room temperature rolling (RTR). The higher strain (more than 3.4) sample produced an 

ultrafine grained structure in case of RTR, but the yield stress was still low due to the 

effective suppression of dynamic recovery and accumulation of the high dislocation density 

during low temperature rolling. In the case of CR samples, the hardness, yield strength and 

tensile strength were increased from 107 to 194 MPa, 155 to 559 MPa and 368 to 602 MPa, 

respectively. It was concluded that cryorolling is an ideal process to deform the 7075 alloys 

up to a high rolling strain (3.4), while the RTR limits the deformability of these alloys due 

to deformation of GP zones. [115] 
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Many studies [116-122] focused on the effect of heat treatment on the strength of 7075 

alloys. The solutionizing and aging temperatures are the main factors controlling the 

relative alloying elements which precipitate in the grain boundaries; the solutionizing 

temperature is the main influence on grain boundary segregation. The precipitates on the 

grain boundaries consisted of large amounts of Mg, Si and Al along with a lesser amount of 

Zn and Cu. The Zn-rich precipitates were predominant in heat treatments during low 

solution annealing (394°C) while the Fe-rich precipitates were predominant in the case of 

high solution temperature (482-527°C). [116] Precipitates with high interfacial energies tend 

to precipitate at grain boundaries, resulting in embrittlement. Low interfacial energy means 

easy nucleation, a uniform precipitate distribution and resistance to coarsening at elevated 

temperatures. [117] 

The microstructure of commercial 7075 alloy in the peak-aged T651 temper (stress-

relieved by stretching and 100°C/8h-24h) contains predominantly the ή transition phase 

(the primarily plate-shaped ή particles have diameters ranging from 3 to 10 nm) before 

formation of the stable η-MgZn2 phase take place. Some of these transition phase particles 

are heterogeneously nucleated on dislocation lines. In the T7 microstructure, the overall 

particle concentration is high, consisting mainly of coarse transition plate-shaped phase 

particles η1, η2 (in a bimodal size distribution where η2 particles ranging from 12.5 to 30 

nm in diameter and finer η1 particles 5 to 10 nm in diameter) and the lath-type morphology 

η4 beside small amount of fine particles of the last three phases (η1, η2 and η4). Increase in 

the hardness of the 7075 alloy is believed to arise mainly from of the fine dispersion of 
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small ή particles. [118] Retrogression aging treatments for 7075 alloy sheets at various 

temperatures (180, 200 and 220°C) and times (2-80 min) showed that an increase in 

treatment temperature decreased both the hardness and strength, while increasing the 

impact toughness. This can be explained by the dissolution of phases in the matrix during 

RRA and enlargement of segregation during subsequent aging. The decrease in the 

hardness in the first stage of RRA is explained by the partial dissolution of the GP zones 

while the subsequent increase in hardness refers to the formation and growth of the ή-phase 

to a specific size of stable η particles. [119] 

The structure of the grain boundary particles which depends on the aging process is 

the main parameter controlling the 7075 alloy mechanical properties. The high strength of 

this alloy in the RRA temper is considered to arise from both the presence of many fine ή 

particles, which are probably coherent, and of the high overall concentration of particles in 

this structure. [120] The double aging (DA) of 7075 alloy has a positive effect on hardness, 

and yield and ultimate tensile strengths. Moreover, double aging to peak hardness results in 

a significantly reduced processing time from 48 to 2 hours, which can lead to reduced 

energy and cost. Thermomechanical double aging causes further acceleration of 

precipitation, reducing the total heat treatment time to 80 minutes, with an increase in both 

hardness and strength, but a decrease in the ductility relative to single aging. [121] During 

study of secondary aging, it was concluded that the T614 temper produces tensile 

properties close to or greater than those for the T6 condition. [122] According to Lumley et 

al. [122] the T614 consists of Solution treat, quenched, aged at 130°C, quenched then aged at 

65°C. 
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Several authors have studied the effects of alloying elements and heat treatment 

conditions on the tensile properties of 7xxx alloys. [123-132] Their investigations showed that 

Ag-free T6-tempered (121°C/24h) 7075 alloys exhibit low strengths, attributed to a 

relatively coarse dispersion of the hardening precipitates, while Ag-containing alloys 

display higher strengths. When Cr and Mn were added to the Ag-containing alloys, they 

resulted in low strengths as with the Ag-free alloys, due to quench sensitivity of particles 

containing either Cr or Mn. On the other hand, adding the latter two elements to Ag-free 

alloys resulted in higher strengths. Adding 0.3 to 0.4% Ag did not increase the strength of 

single and double-aging tempered alloys in both T6 and T7 treatments (121, 157, 162 and 

177°C), whereas the stress corrosion cracking (SCC) resistance was improved. Alloys 

containing Cr, in particular those also containing Zr and Mn, were more resistant and 

increased in strength, as a result of the reduced sensitivity to quenching rate. Higher 

strengths were obtained by increasing Cu content in alloys containing Mn and Zr in the 

case of double aging treatments. Zinc levels in Cr-containing alloys increased both the SCC 

resistance and quench sensitivity with little strength advantage. [123, 124] 

Investigation on direct chill (DC) cast 7xxx series, modified with Zr and Sc, 

revealed that: (i) Sc additions produced a grain-refined microstructure with equiaxed grain 

morphology, where an addition of 0.18%Sc reduced the grain size to 120 µm and inhibited 

the formation of twinned columnar grains and solidification cracks, (ii) higher Sc levels 

such as 0.38% and 0.48% formed the brittle primary Al 3(Sc,Zr) phase, which led to a 

deterioration of mechanical properties, (iii) homogenization and T6 treatments developed 

both the strength and ductility of alloys containing Sc, where the room temperature yield 
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strength and elongation were 490-590 MPa and 15%, respectively; at liquid nitrogen 

temperatures (-196°C to -210°C), however, the values obtained were 610 MPa and 10%, 

respectively, with a UTS of 720 MPa. [125] The Sc-modified 7075 alloy presented the 

highest strength (640 MPa) and significantly increased the SCC resistance. Addition of 

0.2% Sc resulted in the formation of Al3(Sc1-xZrx) phase which refined the microstructure. 

The addition of Ce had little strengthening effect. [126] The presence of 2% of Al-5Ti-1B 

master alloy to Al-12 Zn-3Mg-2.5Cu alloy reduced its grain size from 480 µm to 40 µm; 

the hardness of Ti-refined and T6-tempered alloys was significantly increased.[127] The 

results obtained by researchers [123-127] are similarly close to those reported by others. [128-134] 
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CHAPTER 3 

EXPERIMENTAL PROCEDURES 

 

3.1 INTRODUCTION 

This chapter will provide all the relevant details concerning the alloys and additives 

used in the current research, together with a description of the general melting and casting 

procedures applied; this will include a characterization of the microstructure and a 

discussion of the tensile testing method used to determine the mechanical properties of the 

alloys investigated. It is worthwhile mentioning here that the number of samples which 

were cast for the study was considerable, in the order of 3000 test bars, giving an idea of 

the quantity of molten metal which was processed in the preparation of the castings. Three 

kinds of test samples were produced: (i) thermal analysis specimens; (ii) tensile test bars; 

and (iii) samples for chemical analysis. 

 

3.2 ALLOY PREPARATION AND MELTING PROCEDURES 

The B356 and B357 alloys used in the present study were received in the form of 

12.5-kg ingots, the chemical composition of which is shown in Table 2.1 (section 2.2). The 

Mg level of the alloy was increased by adding pure Mg to the alloy melts to obtain Mg 

levels of 0.4 wt%, 0.6 wt% and 0.8 wt%. The Fe and Be were added in the form of Al-
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25%Fe and Al-5%Be master alloys, respectively, to the alloy melt to obtain Fe levels of 

0.09 wt%, 0.2 wt% and 0.6 wt%, and a Be level of 0.05 wt%. For Sr-modification and grain 

refining purposes, Sr and Ti were respectively added in the form of Al-10% Sr and Al-5% 

Ti master alloys to the alloy melts, to obtain levels of 0.02 wt% Sr and 0.15 wt% Ti. 

Experimental 7075 alloy (coded alloy A) was prepared through the addition of 

measured amounts of Mg, Zn, Si, Cu and Fe to a commercially pure aluminum melt. 

Alloying elements were added in the form of master alloys or pure metals to obtain the 

predetermined level/levels of each. Table 3.2 shows the average chemical composition of 

the aluminum base metal and the alloy A. In addition, a variation of the experimental 7075 

alloy (termed “B alloy” hereafter) was also used in this study, the composition of which is 

proprietary to TAMLA research group, UQAC. In order to avoid hot tearing, small 

amounts of TiB2 and Zr were added in the form of Al-5%Ti-1%B and Al-25% Zr master 

alloys, respectively. Beryllium was added in the form of Al-5%Be master alloy as 

mentioned before. 

 

3.3 MELTING AND CASTING PROCEDURES 

The alloys were prepared using an electrical resistance furnace having a large 40-kg 

crucible capacity. About 35 kg of each alloy was prepared. The melting temperature was 

maintained at 750˚C ± 5˚C. At this temperature, measured additions of Mg, Fe, Be, Sr, Zr 

and Ti were made to the melt by means of a perforated graphite bell. Prior to casting, the 

molten metal was degassed for 15 minutes using pure, dry argon, to remove the hydrogen 

and inclusions. In addition to the required number of tensile test bar castings prepared from 
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each melt, one sampling for thermal analysis purposes and two samplings for chemical 

analysis - one before the start of casting and one at the end of casting - were also taken 

from each melt. The chemical analysis was carried out using arc spark spectroscopy at 

General Motors facilities in Milford, NH. The actual chemical composition of each of the 

alloys prepared is shown in Tables 3.1 and 3.2, representing average values taken over 

three spark measurements made for each chemical analysis sample. The alloys A1 through 

C3B shown in the table represent the eighteen non-modified alloys, whereas alloys A1S to 

C3BS correspond to their Sr-modified counterparts. The Sr level ranged from 0 to 0.02 

wt% in these alloys. 

In Table 3.1, prefixes A, B and C correspond to Fe levels of 0.09, 0.2 and 0.6, 

respectively, while codes 1, 2 and 3 correspond to Mg levels of 0.4, 0.6 and 0.8, 

respectively, and suffixes B and S represent Be addition and Sr modification, respectively. 
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Table 3.1 Average chemical composition (wt%) of the 356 and 357 alloys studied 

Alloy Code 
Element Concentration (wt%) 

Si Fe Mg Cu Mn Ti Sr Be Al 
A1 7.02 0.101 0.376 0.050 0.010 0.143 0.001 - Bal. 
B1 7.00 0.203 0.383 0.008 <0.001 0.151 0.001 - Bal. 
C1 6.97 0.630 0.372 0.011 0.002 0.174 0.001 - Bal. 
A2 6.99 0.113 0.590 0.042 0.008 0.164 0.001 - Bal. 
B2 7.03 0.210 0.570 0.009 0.002 0.179 0.001 - Bal. 
C2 6.88 0620 0.540 0.010 0.002 0.172 0.001 - Bal. 
A3 7.08 0.123 0.760 0.034 0.007 0.192 0.002 - Bal. 
B3 7.35 0.226 0.750 0.009 0.002 0.197 0.001 - Bal. 
C3 7.07 0.630 0.750 0.010 0.003 0.183 0.002 - Bal. 

A1B 7.33 0.093 0.368 0.052 0.006 0.180 0.001 0.034 Bal. 
B1B 6.61 0.197 0.474 0.011 <0.001 0.180 0.001 >0.036 Bal. 
C1B 6.89 0.670 0.510 0.011 0.002 0.186 0.003 >0.036 Bal. 
A2B 7.26 0.081 0.530 0.006 <0.001 0.173 0.001 >0.036 Bal. 
B2B 6.60 0.184 0.710 0.007 <0.001 0.177 0.001 >0.036 Bal. 
C2B 6.22 0.680 0.700 0.007 0.002 0.183 0.001 >0.036 Bal. 
A3B 6.50 0.127 0.980 0.034 0.006 0.203 0.001 0.026 Bal. 
B3B 6.38 0.196 0.960 0.009 0.001 0.210 0.001 >0.036 Bal. 
C3B 5.96 0.560 0.920 0.009 0.003 0.221 0.002 >0.036 Bal. 
A1S 7.06 0.103 0.338 0.046 0.010 0.139 0.016 - Bal. 
B1S 7.18 0.217 0.354 0.014 0.002 0.165 0.019 - Bal. 
C1S 7.18 0.660 0.349 0.007 0.002 0.172 0.017 - Bal. 
A2S 7.07 0.105 0.520 0.033 0.002 0.156 0.018 - Bal. 
B2S 7.26 0.217 0.530 0.009 0.001 0.169 0.015 - Bal. 
C2S 7.17 0.640 0.530 0.008 0.002 0.154 0.017 - Bal. 
A3S 7.98 0.101 0.820 0.035 0.002 0.152 0.013 - Bal. 
B3S 7.26 0.185 0.730 0.030 0.002 0.171 0.009 - Bal. 
C3S 6.84 0.710 0.860 0.034 0.005 0.169 0.006 - Bal. 

A1BS 6.54 0.122 0.640 0.041 0.007 0.227 0.048 >0.036 Bal. 
B1BS 6.12 0.190 0.491 0.009 <0.001 0.217 0.027 >0.036 Bal. 
C1BS 7.78 0.810 0.530 0.084 0.012 0.210 0.016 >0.036 Bal. 
A2BS 7.64 0.123 1.030 0.010 0.002 0.243 0.024 >0.036 Bal. 
B2BS 5.93 0.194 0.730 0.007 <0.001 0.227 0.023 >0.036 Bal. 
C2BS 7.06 0.670 0.710 0.007 0.002 0.222 0.022 >0.036 Bal. 
A3BS 7.26 0.105 0.950 0.020 0.002 0.188 0.023 >0.036 Bal. 
B3BS 6.33 0.194 0.950 0.021 0.002 0.189 0.017 >0.036 Bal. 
C3BS 6.21 0.690 0.850 0.033 0.005 0.207 0.014 >0.036 Bal. 
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Table 3.2 Average chemical composition (wt %) of the base metal and the 7075 alloys 
studied 

 

Alloy Code / 
Alloying Elements Si Fe Cu Mn Cr  Ni Zn Mg Ti Zr  Al 

Base Metal  
(Pure aluminum) 0.050 0.090 <0.001 <0.001 <0.001 0.006 0.002 <0.001 0.005 <0.001 99.83 
A (Base Alloy) 0.172 0.384 1.980 0.330 0.303 0.022 6.420 2.260 0.016 0.021 Bal. 

B  
0.1 -
0.4 

0.12 -
0.50 

1.2 - 
2.0 

0.06 -
0.30 

0.2 - 
0.4 

0.05 -
0.40 

5.2 - 
6.5 

1.5 - 
3.0 

0.06 -
0.20 

0.10 -
0.35 

Bal. 

 

 

3.3.1 Thermal Analysis  

In order to obtain the cooling curves and to identify the main reactions and 

corresponding temperatures occurring during the solidification of Al-Si-Mg alloys, thermal 

analysis was carried out for all of the compositions prepared. The molten metal for each 

composition was poured into a cylindrical graphite mold of 80 mm height and 60 mm 

diameter which had been preheated to 600°C so as to create a slow cooling rate resembling 

equilibrium conditions in order to facilitate identifying the phases formed. A high 

sensitivity Type-K (chromel-alumel) thermocouple, which had been insulated using a 

double-walled ceramic tube, was attached to the centre of the graphite mold, as shown in 

Figure 3.1(a). The temperature-time data was collected using a high speed data acquisition 

system linked to a computer. From this data, the cooling curves and the corresponding first 

derivative curves for the different alloys were plotted so as to identify the main reactions 

occurring during solidification with the corresponding temperatures. Cylindrical specimens, 

15 mm deep, were sectioned off at the centre of each graphite mold casting close to the 

thermocouple tip. Samples, 2.5 x 2.5 cm in cross-section, were machined from these 
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specimens, mounted in bakelite and polished following standard procedures, for qualitative 

and quantitative microstructural analysis.  

 

 

Figure 3.1 (a) Schematic drawing showing the graphite mold and (b) set-up used for 
thermal analysis. 
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3.3.2 Preparation of Tensile Bars  

The various 356, 357 and 7075 alloys were used to prepare castings from which test 

bars were obtained for tensile testing purposes. With this aim in mind, the degassed molten 

metal was carefully poured into an ASTM B-108 permanent mold preheated to 450°C, to 

obtain castings for tensile testing. At the bottom of the pouring cup a ceramic foam filter 

(10 ppi) was placed to prevent inclusions and oxide films from entering the mold. This 

mold and casting set-up used are shown in Figure 3.2(a) while Figure 3.2(b) shows the 

actual casting obtained. As may be seen from Figure 3.2(c), each casting provided two test 

bars, each with a gauge length of 50 mm and a cross-sectional diameter of 12.8 mm. 
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Figure 3.2 (a) Standard ASTM B-108 permanent mold and casting set-up used, (b) actual 
tensile test casting, and (c) actual test bars sectioned from the casting. 
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3.4 HEAT TREATMENT PROCEDURES 

The bars of 356 and 357 alloys prepared for each alloy composition were divided 

into thirteen sets; one set was kept in the as-cast condition; one set was solution heat-treated 

at 540ºC for 5 hours, then quenched in warm water at 65ºC and maintained in the solution 

heat-treated condition; one set was solution heat-treated at 540ºC for 12 hours, then 

quenched in warm water at 65ºC and maintained in the solution heat-treated condition; five 

sets were solution heat-treated at 540ºC for 5 hours, then quenched in warm water at 65ºC 

followed by artificial aging at 160ºC for 2, 4, 6, 8, and 12 hours, respectively; the 

remaining five sets were solution heat-treated at 540ºC for 12 hours, then quenched in 

warm water at 65ºC followed by artificial aging at 160ºC for 2, 4, 6, 8, and 12 hours, 

respectively. Prior to Aging treatments, samples were stabilized at room temperature (25ºC) 

for 24 hours. The solution and aging heat-treatments were carried out in a forced-air Blue 

M electric furnace equipped with a programmable temperature controller, accurate to ± 

2ºC. The quench delay was less than 10 s. For each individual heat treatment, five test bars 

were used. 

For the 7075 alloys, the test bars were prepared for each alloy composition and 

divided into different sets according to both the recommended traditional heat treatment 

and the proposed new heat treatment conditions. Six sets of five bars of the base alloy A 

were conventionally heat-treated, i.e., solution heat-treated at 470ºC/8h, then quenched in 

65°C warm water. One set was kept in the solution heat-treated condition, while the other 

five sets were aged subsequently, using different aging conditions; the first set was 

subjected to single aging at 120ºC/24h, the second set to single aging at 280ºC/8h, the third 



 

 

74

set to double aging at 120ºC/24h, followed by 180ºC/8h, the fourth set to retrogression and 

re-aging at 180ºC/8h, followed by 120ºC/24h, and, finally, the last set was subjected to 

retrogression and re-aging at 280ºC/8h, followed by 120ºC/24h, respectively. Two sets of 

the B alloy were heat-treated by means of homogenization and the proposed new aging 

process (also proprietary to TAMLA research group, Université du Québec à Chicoutimi). 

For each heat treatment, ten tensile bars were tested. 

 

3.5 TENSILE TESTING 

 Test bars corresponding to each alloy composition/heat treatment condition were 

pulled to fracture at room temperature at a strain rate of 4 x 10-4/s using a Servohydraulic 

MTS Mechanical Testing machine, as shown in Figure 3.3. The same machine was also 

used for stretching the 7075 alloy samples as a deformation process. This cold/hot 

deformation was varied in the range between 1 and 10% for alloy bars deformed. A strain 

gauge extensometer was attached to the test bar to measure percentage elongation as the 

load was applied. The yield strength (YS) was calculated according to the standard 0.2% 

offset strain, and the elongation to fracture was calculated as the percent elongation (%El) 

over the 50 mm gauge length. The ultimate tensile strength (UTS) was obtained from the 

data acquisition system of the MTS machine. The machine was calibrated each time before 

any testing was carried out. The average %El, YS and UTS values obtained from the five 

samples tested per alloy/condition were considered as the values representing that specified 

alloy/condition. 
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Figure 3.3 Servohydraulic MTS Mechanical Testing machine with data-acquisition 
system. 

 
 

The tensile test data was analyzed employing Minitab and Six Sigma statistical 

software programs used in quality improvement projects by means of mathematical 

analysis and modeling. 

 

3.6 METALLOGRAPHY  

Samples for microstructural analysis were prepared from the castings obtained from 

the thermal analysis experiments as described in section 3.3.1, and also from tensile-tested 

bars ~10 mm below the fracture surface. In the latter case, the samples were examined in 

the as-cast and solution heat-treated (540ºC/5h and 540ºC/12h) conditions. The 

microstructures of the polished sample surfaces were examined using an optical microscope 
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linked to a Clemex image analysis system, as shown in Figure 3.4. A Hitachi SU-8000 field 

emission scanning electron microscope (FE-SEM), Figure 3.5, equipped with a standard 

secondary electron detector (SE), a backscatter electron detector (BSD) and Energy 

dispersive X-ray spectrometer (EDS) was used for examining the fracture surface. Line 

scans for Mg, Zn and Cu in the 7075 alloys, were obtained from the various heat-treated 

alloy samples using an electron probe microanalyzer, shown in Figure 3.6, equipped with 

EDX and WDS facilities. 

 

 

Figure 3.4       Optical Microscope - Clemex Image Analyzer system. 



 

 

77

 

Figure 3.5 Hitachi SU-8000 field emission scanning electron microscope used for the 
present study. 

 

 

Figure 3.6 JEOL JXA-8900L electron probe microanalyzer used for the present study.
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CHAPTER 4 

MICROSTRUCTURE-TENSILE PROPERTIES 

RELATIONSHIP IN Al-Si-Mg CAST ALLOYS  

 

PART I 

MICROSTRUCTURE CHARACTERISTICS 

 

4.1 INTRODUCTION 

The presence of magnesium in Be-free Al-7Si-Mg alloys [135] results in the 

formation of an undesirable iron-intermetallic known as the π-Al 8FeMg3Si6 phase. The 

effect of Mg, Fe and Be on the formation of π-Al 8FeMg3Si6 in both unmodified and Sr-

modified Al-7Si-Mg-xFe alloys containing different levels of Mg (0.4-0.8 wt%) and Fe 

(0.1-0.8 wt%) was investigated in this study, in samples obtained at a slow cooling rate 

(sample DAS ~65 µm), close to near-equilibrium cooling conditions. A qualitative 

microstructural examination was carried out to study the effect of solution heat treatment 

on the decomposition of the π-Al 8FeMg3Si6 phase in Al-7Si-xMg-0.1Fe alloys containing 

different levels of Mg (0.4-1.0 wt%). The results obtained indicate that increasing Mg and 

Fe levels increases the amount of the π-Al 8FeMg3Si6 phase formed in all alloys 

investigated. Quantitative measurements revealed a reduction in the surface fraction of the 

π-Al 8FeMg3Si6 phase after solution heat treatment (540°C/8hr) in all alloys studied. 
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Different levels of decomposition of the π-phase into needles of β-Al 5FeSi iron 

intermetallic phase were observed at 0.4, 0.6 and 0.8 wt% Mg levels, after solution heat 

treatment.  

It is inferred from the work of Elsharkawi and co-workers [136] on Al-7Si-Mg alloys 

that iron, as impurity, can form two different intermetallic compounds during solidification: 

β-Al 5FeSi and π-Al 8FeMg3Si6, which are known for their detrimental effect on the alloy 

ductility and strength. The impact and tensile properties of heat-treated Al-7Si-0.55Mg-

0.1Fe (357 type) alloy samples were investigated in order to seek a correlation between said 

properties and the changes which occur in the micro-constituents, viz., the eutectic Si, and 

π-Fe and β-Fe phases, with prolonged solution treatment. Solution treatment was carried 

out at 540ºC for times of 2 to 100 h, followed by quenching in water at 60ºC, and artificial 

aging at 155ºC for 5 h. Results showed that the first 20 hrs of solution treatment are more 

sensitive to the changes occurring in the Si particle morphology than those in the π-phase. 

Decomposition of the π-phase significantly reduces the impact properties after prolonged 

solution times.  

The work documented in this chapter is an extension of the studies that were carried 

earlier in order to correlate the precipitation of different phases during the solidification 

process and their decomposition during solution heat treatment with the tensile properties 

obtained from this type of alloys. 
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4.2 LOW COOLING RATE (DAS~65µm)  

Samples for microstructural analysis were sectioned from the castings obtained 

from the thermal analysis experiments carried out for each alloy melt composition. 

Cylindrical specimens, 15 mm thick were sectioned off from the centre of each graphite 

mold casting close to the thermocouple tip for all of the compositions obtained. From these, 

samples (2.5 x 2.5 cm) were machined, mounted and polished for preparation of 

metallographic samples for qualitative and quantitative microstructural analysis.  

 

4.2.1 Silicon Particle Characteristics 

The silicon particle characteristics for the various alloy compositions investigated 

are summarized in Table 4.1. The Si particle measurements for the A1 base alloy, with low 

Mg and low Fe content, using the graphite mold sample (65 µm DAS) are listed in Table 

4.1. It can be seen that the Si particle area decreased from 76.70 to 3.18 µm2, the Si particle 

length decreased from 21.60 to 3.05 µm, the aspect ratio decreased from 3.52 to 2.11, while 

the roundness ratio increased from 28.4 to 46.0 % after Sr-modification, i.e. in the alloy 

A1S sample. In the case of Be addition (alloy A1B), the Si particle area decreased to 49.60 

µm2, the Si particle length to 15.20 µm, the aspect ratio to 2.85, while the roundness ratio 

increased to 33.8 %. The presence of  both Sr and Be in alloy A1BS resulted in decreasing 

the Si particle area to 2.75 µm2, decreasing the Si particle length to 3.00 µm, decreasing the 

aspect ratio to 2.18 and increasing the roundness ratio to 43.5 %. After increasing both Mg 

and Fe contents (alloy C3), the Si particle area decreased to 20.70 µm2, the Si particle 

length decreased to 9.63 µm, the aspect ratio decreased to 2.86, while the roundness ratio 
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increased to 36.2 %. The combined effect of the four elements (alloy C3BS) resulted in 

decreasing the Si particle area to 3.38 µm2, decreasing the Si particle length to 3.27 µm, 

decreasing the aspect ratio to 2.15 and increasing the roundness ratio to 43.9 %. The values 

listed in Table 4.1 reflect the modification effect of Sr and partial modification effects of 

Mg and Be; however, with increasing Fe levels it appears that most of the Be reacts with 

the Fe to form a Be-Fe phase (Al8Fe2BeSi), thereby reducing the partial modification effect 

attributed to Be. These results are supported by the optical micrographs shown in Figures 

4.1 and 4.2. 

 
 
Table 4.1* Silicon particle measurements for the as-cast 357 alloys using a graphite 

mold with a DAS of 65 µm  
 

Alloy (Condition) Area (µm2) Length (µm) Roundness Ratio(%) Aspect Ratio 

Av. SD Av. SD Av. SD Av. SD 

A1 (non- mod.) 76.70 71.50 21.60 16.30 28.4 21.8 3.52 4.54 

C3 (non- mod.) 20.70 22.70 9.63 7.98 36.2 21.4 2.86 5.84 

A1B (Be mod.) 49.60 52.40 15.20 12.00 33.8 21.8 2.85 3.45 

C3B (Be mod.) 13.60 14.30 6.75 5.08 43.7 22.2 2.27 1.15 

A1S (Sr mod.) 3.18 3.21 3.05 2.16 46.0 19.2 2.11 2.14 

C3S (Sr mod.) 4.48 4.78 3.82 3.07 43.4 21.5 2.46 3.87 

A1BS (Be+Sr mod.) 2.75 2.94 3.00 2.38 43.5 19.5 2.18 2.25 

C3BS (Be+Sr mod.) 3.38 3.97 3.27 2.69 43.9 19.8 2.15 1.32 

* Codes A and C correspond to the Fe levels 0.09 and 0.6, respectively, while codes 1 and 3 
correspond to the Mg levels 0.4 and 0.8, respectively; codes B and S represent Be addition and Sr 
modification, respectively. 
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Figure 4.1 Silicon particle morphology and distribution in: (a) A1, (b) A1B, (c) A1S, 
and (d) A1BS alloys. 
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Figure 4.2 Silicon particle morphology and distribution in: (a) C3, (b) C3B, (c) C3S, 

and (d) C3BS alloys. 
 
 
 
4.2.2 Fe-Based Intermetallic Phases 
 

Thermal analysis was carried out to determine the precipitation sequence and 

formation temperature of the intermetallic phases observed in the 357 alloys containing 

different levels of Fe and Mg. In this respect, alloys A1, C3, C3BS and C3B were selected 

as examples. The reactions and corresponding temperatures observed in the cooling curves 
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for the alloys studied are summarized in Table 4.2. Figure 4.3(a) represents the cooling 

curve of the base alloy A1 showing the precipitation of α-aluminum (1), followed by 

formation of the Al-Si eutectic (2) together with the precipitation of the post-eutectic β-

Al 5FeSi. It is expected that as solidification proceeds, the β-phase present will be 

transformed into the π-phase as a result of the pre-eutectic reaction (3), L+Al5FeSi → 

Al+Si+Al 8FeMg3Si6. The last reaction (4) is characterized by a wide peak, which may arise 

from two merged reactions, the first related to the formation of Mg2Si, followed by the 

second which corresponds to the quaternary eutectic reaction, 

L → Al+Si+Mg2Si+Al8FeMg3Si6. 

By comparing the first derivative curve in Figure 4.3(a) for alloy A1 (base alloy) 

with the one shown in Figure 4.4(a) for alloy C3, it will be seen that, at 0.09 wt% Fe, for 

the A1 alloy, the first derivative curve reveals four peaks, while at 0.6 wt% Fe (C3 alloy), a 

peak marked (2) may be observed before the eutectic reaction represented by the peak (3) 

in Figure 4.4(a). This peak corresponds to the formation of the pre-eutectic β-phase, while 

peak (4) corresponds to the precipitation of Mg2Si phase. The presence of the π-phase noted 

in Figure 4.4(c) may be explained by the following reaction: 

L+Al 5FeSi → Al+Si+Al8FeMg3Si6, 

whereby the β-Al 5FeSi phase is transformed into the π-phase. Other reactions remain the 

same as those described for Figure 4.3(a). 

 To reach a better understanding of the effect of Fe content on the formation of 

intermetallic phases, it has been reported [137, 138] that increasing the Fe content from 0.09 

wt% to 0.6 wt% changes the solidification sequence of the base Al-7Si-0.4Mg alloy (alloy 
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A1), which can be explained by the current cooling curves. At 0.09 wt% Fe, the β-phase 

precipitates at low temperatures together with the Al-Si eutectic and is characterized by fine 

platelets in the microstructure, as shown in Figure 4.3(b). At 0.6 wt% Fe, most of the β-

phase will precipitate at higher temperatures before the Al-Si eutectic. This β-phase is 

characterized by its much larger size in the microstructure, as shown in Figure 4.4(b and c). 

As a result, increasing the Fe content will increase the size of the β-phase in the 

microstructure, which would have a negative effect on the alloy mechanical properties. 

By comparing the first derivative curve in Figure 4.5(a) for alloy C3BS with those 

shown in Figures 4.3(a) and 4.4(a) for alloys A1 (base alloy) and C3, respectively, the 

reaction (5) in Figure 4.5(a) may be written as: 

L+Al 5FeSi → Al+Si+Al8FeMg3Si6, 

whereby β-Al 5FeSi phase is transformed into the π-phase. Other reactions for alloy C3BS 

remain the same as those observed in Figures 4.3(a) and 4.4(a). 
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Table 4.2 Main reactions observed from thermal analysis data of alloys A1, C3, C3BS 
and C3B 

 

Alloy Code Temp. (ºC) Reaction [24] 
 

A1 
0.09%Fe-

0.4%Mg 
 

(Figure 4.3) 

612 (1) - Formation of Al-dendritic network 
569 (2) - Precipitation of Al-Si- eutectic 

- Precipitation of post-eutectic β-Al 5FeSi phase 
561 (3) - Transformation of β-phase into π-Al 8FeMg3Si6 

phase 
546 (4) - Precipitation of Mg2Si 

- Quaternary eutectic reaction* 
 

C3 
0.6%Fe-

0.8%Mg 
 

(Figure 4.4) 

613 (1) - Formation of Al-dendritic network 
568 (2) - Formation of pre-eutectic β-Al 5FeSi phase 
563 (3) - Precipitation of Al-Si- eutectic 

- Precipitation of post-eutectic β-Al 5FeSi phase 
550 (4) - Transformation of β-phase into π-Al 8FeMg3Si6 

phase 
- Precipitation of Mg2Si 
- Quaternary eutectic reaction* 

 
C3BS 

0.6%Fe-
0.8%Mg-

0.05%Be-0.02%Sr 
 

(Figure 4.5) 

609 (1) - Formation of Al-dendritic network 
568 (2) - Formation of pre-eutectic β-Al 5FeSi phase 
561 (3) - Precipitation of Al-Si- eutectic 

- Precipitation of post-eutectic β-Al 5FeSi phase 
550 (4) - Transformation of β-phase into π-Al 8FeMg3Si6 

phase 
- Precipitation of Mg2Si 

540 (5) - Quaternary eutectic reaction* 
 

C3B 
0.6%Fe-

0.8%Mg-0.05%Be 
 

(Figure 4.6) 

613 (1) - Formation of Al-dendritic network 
611 (2) - Formation of Be-Fe phase 
560 (3) - Precipitation of Al-Si- eutectic 

- Precipitation of post-eutectic β-Al 5FeSi phase 
551 (4) - Transformation of β-phase into π-Al 8FeMg3Si6 

phase 
- Precipitation of Mg2Si 

539 (5) - Quaternary eutectic reaction* 
*Quaternary eutectic reaction,   L →  Al+Si+Mg2Si+Al8FeMg3Si6 
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Figure 4.3 (a) Temperature-time cooling curve and its first derivative obtained from the 
base alloy A1 and (b) the corresponding microstructure showing the small 
size of the β-phase and π-phase particles, evidenced more clearly in the 
enlarged micrograph in (c). 
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Figure 4.4 (a) Temperature-time cooling curve and its first derivative obtained from the 

non-modified alloy C3 and (b) the corresponding microstructure showing 
the larger size of the β-Al 5FeSi platelets in the enlarged image in (c) for this 
alloy. 
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Figure 4.5 (a) Temperature-time cooling curve and its first derivative obtained from 
alloy C3BS, and corresponding microstructures showing (b) a much bigger 
size of the β-phase and π-phase particles, and (c) large β-phase and Mg2Si 
particles. 
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For a clear understanding of the effects of Mg addition on the precipitation 

sequence and reaction temperature, the Mg content in the Sr-modified alloy C3BS (Figure 

4.5), and also in the non-modified alloy C3B (Figure 4.6), was increased up to 0.8 wt%. 

Two separate peaks were identified corresponding to reactions (4) and (5) shown in Figures 

4.5 and 4.6. The reactions and their corresponding formation temperatures during 

solidification of alloys C3BS and A1, containing high and low Mg levels, respectively, are 

listed in Table 4.2. There is a significant reduction in the eutectic temperature by ~10°C in 

the high Mg-containing alloys (C3, C3B and C3BS), compared to the low Mg-containing 

alloy (A1), which is in a good agreement with published findings. [139, 140] Moustafa et al. 

[140] reported that the observed reduction in eutectic temperature affects the modification of 

the eutectic Si particles. 

From an extensive investigation of the microstructure, it is found that the π-

Al 8FeMg3Si6 phase is often observed to be in close contact with the β-Al 5FeSi phase 

platelets. Figure 4.3(c) is an enlarged micrograph depicting the transformation of the β-

phase to π-phase. Thus it may reasonable to assume that the β-Al 5FeSi phase will 

precipitate first, followed by the growth of the π-Al 8FeMg3Si6 phase from the surface of the 

β-Al 5FeSi thereafter. 

 

4.2.3 Role of Beryllium Addition 

The morphology of iron intermetallic phases in 357 alloys shows the precipitation 

of several types in Be-containing and Be-free alloys. The Fe intermetallics observed in the 

optical microstructure of the Al-7Si-0.8Mg-0.6Fe-0.05Be, C3B alloy, are (i) the nodular 
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Fe-Si-Al β-phase and (ii) Be-Fe phase (Al8Fe2BeSi) with a script-like morphology, as 

shown in Figure 4.6(c). This observation is in agreement with the reported microstructure 

of Be-containing B357 alloys. [57, 141, 142] It is shown in Figure 4.7 that the Be-Fe phase 

exists near or at the β-phase platelets. A similar observation can be made from the thermal 

analysis results of the C3B alloy (reaction marked (2)) as depicted in Figure 4.6(a). It is 

estimated that the formation temperature of this reaction is approximately 611°C which is 

close to the formation temperature of α-Al would facilitate the precipitation of the Be-Fe 

phase in the within the α-Al (Figure 4.6(b)). High temperature phases are typically 

overgrown by Al-dendrite arms and appear in the final microstructure to be embedded in 

the dendrites. [8, 57, 141, 142] Also, this temperature is higher than the formation temperature of 

the pre-eutectic β-Al 5FeSi phase marked as peak (2) in Table 4.2 for the Be-free A1 alloy 

and for the Sr-modified Be-containing C3BS alloy, as shown in Figures 4.3 and 4.5. 
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Figure 4.6 
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Figure 4.6 (a) Temperature-time cooling curve and its first derivative obtained from the 
non-modified alloy C3B, (b) optical micrograph showing precipitation of 
Be-Fe compound within the α-Al dendrite, (c) BSE image showing presence 
of nodular β-Al 5FeSi phase, π-Al 8FeMg3Si6phase,and Mg2Si phase particles 
(arrowed) and (d) enlarged BSE image showing small Be-Fe phase particles 
growing out of the β-plate (white arrows) or formed as a result of the new 
quinary reaction (black arrows). 
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Based on the cooling curve data and the corresponding microstructures (Figures 

4.6(b, c and d)), it may be noted that the addition of Be results in a change in the 

precipitation sequence of the iron intermetallics, where peak (2) in Figure 4.6(a) 

corresponds to the formation of the Be-Fe phase. This observation is supported by the work 

of Murali et al., [8, 51, 55, 141] who carried out an interrupted quenching experiment to detect 

the formation temperature of the Be-Fe phase (Al8Fe2BeSi). They found that the Be-Fe 

phase exists in the microstructure at the point where the melt was quenched from the liquid 

at 607°C. In the present work, however, the exact composition of the Be-Fe phase could not 

be identified with certainty. Figure 4.6(a) indicates that the formation temperature of the 

Be-Fe phase may be somewhat greater than 607°C. The precipitation sequence and the 

corresponding temperatures for the Al-7Si-0.8Mg-0.6Fe Be-containing alloy, in both the 

non-modified and Sr-modified conditions (C3B and C3BS) are listed in Table 4.2. Figures 

4.6(c) and 4.7(a) are microstructures of the Be-containing alloys showing nodular Al-Fe-Si, 

in addition to other phases. Figure 4.7(b) reveals the irregular shape of the β-phase platelets 

that may be caused by the addition of Be and its reaction with Fe. 
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Figure 4.7 Optical microstructures of C3BS alloy showing (a) nodular Al-Fe-Si phase, 
β-Al 5FeSi phase platelets and Be-Fe phase; (b) enlarged portion of (a) 

revealing the irregular shape of the β-platelets. 
 
 

Several attempts were made to obtain an EDS spectrum of the Be-Fe compound but 

with no success. The EDS spectra shown in Figures 4.8(a) and (b) correspond to Mg2Si and 

π-Al 5FeSi phase particles, respectively. In order to confirm the effect of Be on the 

microstructure of the B357 alloys in the present study, the morphology of the iron 

http://www.rapport-gratuit.com/
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intermetallic phases and Mg2Si particles were examined; the microstructures for alloys 

A1BS, C3, C3B and C3BS are shown in Figures 4.9(a) to (e). That of alloy A1BS shows 

large-sized Chinese-script Mg2Si particles in conjunction with the nodular β-Al 5FeSi phase, 

whereas in the microstructure of the non-modified, Be-free C3 alloy, smaller-sized Mg2Si 

particles and β-Al 5FeSi platelets were observed, compared to the size of the Chinese-script 

π-Al 8FeMg3Si6 phase. These compositions were confirmed by the associated element 

distributions corresponding to Figure 4.9. The smaller size of the Mg2Si particles may be 

explained in terms of the consumption of the Mg content informing the π-phase. A 

comparison of Figures 4.9(a) and 4.9(b), clearly shows that Be has an effect on both size 

and morphology of the Fe- and Mg-containing phases. 

In the case of the non-modified, Be-containing C3B alloy, where larger-sized Mg2Si 

particles were reported, both nodular and small platelets of the β-Al 5FeSi and smaller π-

Al 8FeMg3Si6 phases were observed, as displayed in Figures 4.9(c) and 4.9(d). The 

relatively small size of the β-Al 5FeSi and π-Al 8FeMg3Si6 phases may be attributed to the 

reaction of Be with Fe to form the Be-Fe phase. Also, by comparing these two figures with 

Figure 4.9(b), it may be seen that Be affects the size and morphology of the Fe-based 

intermetallic phases, whereas the formation of Mg2Si remains unaffected by the presence of 

Be. These results agree with studies carried out by others. [56, 143] 

Similar effects of Be on the microstructure of alloy C3BS were also observed as 

those in the case of alloy C3B (cf. Figures 4.9(c) and (d)) with Figure 4.9(e) for C3BS, 

except that the volume fraction of the nodular β-phase is much smaller in the case of alloy 

C3BS, whereas the opposite is true for the platelet β-phase in the alloy. This observation 
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may be attributed to a Be-Sr-reaction (forming SrBe3O4) or Be-Fe-Sr reaction; i.e. some of 

the Be reacts with Sr and the remaining amount is not enough for the nodular β-phase 

transformation from platelet β-phase particles to take place; thus the volume fraction of 

these platelets is much bigger. 

 

 

Figure 4.8 EDS spectra corresponding to: (a) Mg2Si and (b) π-Al 8FeMg3Si6 phases 
observed in C3BS alloy. 
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Figure 4.9 Backscattered electron images of: (a) A1BS, (b) C3, (c) C3B, (d) C3B, and 
(e) C3BS alloys. 
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4.2.4 Formation of a New Eutectic-Like Reaction 

Figure 4.4 displays the cooling curve and its first derivative obtained from the C3 

alloy. From an examination of the microstructures of alloys C3B and C3BS (containing 

higher levels of Mg and Fe), a new reaction was observed to take place towards the end of 

solidification at the low cooling rate (0.4ºC/s), as shown in Figure 4.10. This new reaction 

is composed of a mixture of phases that vary depending on the location of the reaction in 

the matrix, i.e. the examined cross-section. It should be mentioned here that this reaction 

was not detected in any of the cooling curves, since the heat associated with this reaction is 

apparently too low. Table 4.3 lists the solidification times obtained from the C3 series of 

alloys. As can be seen, the solidification time for the C3B alloy is ~29 seconds more than 

that of the C3 alloy. It may be suggested that this increase in the solidification time, due to 

the presence of Be, would result in the decomposition of the remaining liquid metal giving 

rise to the newly observed reaction, in accordance with the law of conservation of 

matter.[144] Figure 4.10(d) reveals the growth of the new reaction into the surrounding 

aluminum matrix. The presence of precipitate free zones (PFZ) surrounding the new 

reaction indicates that this reaction was formed in the molten state. Based on these 

observations, the new reaction may be considered to be a quinary eutectic-like reaction that 

could be described as: 

L             Al + π-phase + Mg2Si phase +Si + (Be-Fe) phase. 

 



 

 

101

 

Figure 4.10 Different microstructures of the new reaction in Be-containing C3B alloy: 
(a) π-phase and Mg2Si, (b) π-phase and Si, (c) Si (1) + π-phase (2) + (Be-Fe) 
phase (3), and (d) extension of the new reaction into the α-Al matrix, note 
the presence of precipitate free zones (PFZ). 
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Table 4.3 Solidification times of the A and C3 series of alloys obtained from the 
respective cooling curves. Each value is an average of five consecutive tests 

 
Alloy Code A1 A1B A1S A1BS C3 C3B C3S C3BS 

Solidification time (s) 452 464 472 474 463 492 510 504 

 

 

Figure 4.11(a) displays an enlarged portion of the cooling curve shown in Figure 

4.6(a). The new reaction is expected to take place in the temperature range 533-515°C 

(corresponding to precipitation of Mg2Si phase reaction and end of solidification). Figure 

4.11(b) shows large particles of Mg2Si whereas Figure 4.11(c) shows ultra-fine particles of 

Fe, Be-Fe and Mg2Si phases observed at the end of solidification.  

Beryllium and strontium are the main parameters influencing the amount of this 

new reaction or precipitates formed. Table 4.4 summarizes the “area” and “intensity” 

measurements of the new reaction, the term “area” corresponding to the average area 

covered by the mix of the ultrafine Si, π, Mg2Si and Be-Fe phase particles resulting from 

the reaction, and “intensity” representing the number of such reactions occurring in the 

sample area measured. It is found that addition of Sr to the non-modified, Be-containing 

C3B alloy decreased the reaction area by 44% and the intensity by 36%, respectively. 
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Figure 4.11 (a) An enlarged portion of the cooling curve shown in Figure 4.6(a) showing 
the temperature range of a new reaction, precipitation of Mg2Si phase 
reaction, and end of solidification, (b) large Mg2Si particles, and (c) an 
example of ultra-fine particles of Fe, Be-Fe and Mg2Si phases observed at 
the end of solidification. 
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Table 4.4 Measurements of particles (mix of ultrafine Si, π, Mg2Si and (Be-Fe) 
phases) resulting from the new eutectic-like reaction observed in as-cast C3 
alloys containing Be 

 

Alloy Code Area (%) Particle Area (µm2) Density 

(#Particles/field) Av. SD Av. SD 

C3B 5.87 2.46 1155.2 1242.0 17.34 

C3BS 3.30 1.64 662.8 805.5 11.22 

 

 

 Figure 4.12 shows an example of the distribution of elements within the area of the 

new reaction in the C3BS alloy sample. Figure 4.13(a) is a secondary electron image of 

C3B alloy exhibiting the presence of the new reaction consisting of fine Si particles and π-

phase. Occasionally, some Be-containing phase particles were observed as well (Figure 

4.6(d)). This reaction was noted to occur at the end of the solidification process or growing 

from the existing β-Al 5FeSi phase platelets. Figure 4.13(a) also reveals the precipitation of 

Mg2Si in the matrix in two perpendicular directions caused by natural aging at room 

temperature for two years. [140] These precipitates seem to be associated with the formation 

of precipitate-free zones (PFZ) around the pre-existing components. 
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Figure 4.12 (a) Backscattered image of alloy C3BS showing an area containing the 
products of the new quinary reaction, and corresponding (b) Mg, (c) Al, (d) 
Si, and (e) Fe distributions. 
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Figure 4.13 (a) Secondary electron image of Be-containing C3B alloy showing the 
formation of the new reaction on the β-phase platelet 1, (b) EDS spectrum 
corresponding to area marked 1 in (a), (c) EDS spectrum corresponding to π-
phase precipitates marked 2 in the matrix in (a) and formation of precipitate 
free zone (PFZ), and (d) EDS spectrum corresponding Mg2Si phase 
precipitates marked 3 in (a). 

 

 
The histogram shown in Figure 4.14 illustrates the effects of Be, Sr, Mg and Fe 

additions on the length of the β-Al 5FeSi platelets. In the as-cast graphite mold samples 

(DAS of ~65 µm), Be addition reduces the length of the β-phase platelets by ~25% whereas 

introducing Sr shows further reduction (~37%); adding Be simultaneously with Sr 
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decreases the length of β-phase by ~50% regardless the levels of Fe or Mg in the alloy. This 

figure also illustrates how the addition of 0.02wt% Sr to Al-7Si-Mg-Fe alloys decreases the 

length or volume fraction of the β-phase, compared to the non-modified alloy. This may be 

explained in terms of the effect of Sr in breaking up the β-phase platelets as reported by 

Samuel et al., [33] thereby reducing the platelet length. In spite of the fact that increasing the 

Mg and Fe content increases the π-phase volume fraction, the length of β-phase particles is 

also observed to increase. This increase in β-phase length can be controlled through 

additions of Be and Sr. 

 

 

Figure 4.14 Histogram exhibiting the influence of alloy composition on the average 
length of β-Al 5FeSi phase platelets (sample DAS ~65µm). 
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4.3 HIGH COOLING RATE (DAS~24µm) 
 
4.3.1 Silicon Particle Characteristics 

Samples for microstructural analysis were sectioned from the tensile tested-bars ~10 

mm below the fracture surface (away from the deformed portion of the tensile bar) to study 

each alloy in the as-cast and the two solution heat-treated conditions (540ºC/5h and 

540ºC/12h). The dendrite arm spacing of these samples was about 24µm. The silicon 

particle characteristics of the as-cast alloys are presented in Table 4.5. Figures 4.15 through 

4.17 show the eutectic Si particle characteristics in the as-cast and solution heat-treated 

conditions for the eight alloys investigated. 

The Si particle measurements for the A1 base alloy, containing low Mg and low Fe, 

are listed in Table 4.5. In comparison, the average Si particle area decreased from 28.4 to 

0.67 µm2, the particle length decreased from 15.5 to 1.25µm, the aspect ratio decreased 

from 3.78 to 1.84, while the roundness ratio increased from 18.9 to 50.3% in the Sr-

modified alloy (alloy A1S). In the case of Be addition (alloy A1B), the particle area 

decreased to 10.3 µm2, the particle length decreased to 6.6 µm, the aspect ratio decreased to 

2.73, while the roundness ratio increased to 35.7%. A combined Sr and Be addition (alloy 

A1BS) resulted in decreasing the Si particle area to 1.31 µm2, the Si particle length to 1.84 

µm, the aspect ratio to 1.94, and increased the roundness ratio to 47.6%. Increasing the Mg 

and Fe content (alloy C3), resulted in decreasing the Si particle area to 6.9 µm2, the Si 

particle length to 6.44µm, the aspect ratio to 3.01, while increasing the roundness ratio to 

24.6%. The combined effect of Sr, Be, Fe and Mg elements (alloy C3BS) resulted in 

decreasing the Si particle area to 1.53 µm2, the Si particle length to 2 µm, the aspect ratio to 
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1.99, and increasing the roundness ratio to 46.7 %. These values reflect the modification 

effect of Sr and the partial modification effects of Mg and Be. For high Fe- and Mg-

containing alloys, simultaneous addition of Be and Sr has less effect on the silicon particle 

characteristics than the addition of each element individually. The combined effect of 

addition of the four elements can easily be confirmed from the analysis of the 

microstructures and data listed in Tables 4.1 and 4.5. Comparing the data reported in the 

two tables shows that increasing the cooling rate causes significant improvement in the Si 

particle characteristics for all alloys containing Be, Sr or Be+Sr, as expected. The observed 

increase in the roundness and aspect ratio of Si particles reported in Table 4.1 for non-

modified A1 and C3 alloys may be attributed to the longer cooling time needed for the 

samples to reach room temperature. 

 

Table 4.5 Eutectic silicon particle measurements for as-cast 357 alloy samples  
(DAS ~24 µm) 

 

Alloy (Condition)* 

 

Area (µm2) Length (µm) Roundness Ratio(%) Aspect Ratio 

Av. SD Av. SD Av. SD Av. SD 

A1 (non- mod.) 28.40 19.50 15.50 9.46 18.9 8.9 3.78 1.79 

C3 (non- mod.) 6.90 6.40 6.44 4.35 24.6 10.5 3.01 1.07 

A1B (Be mod.) 10.30 15.90 6.60 6.50 35.7 21.1 2.73 1.66 

C3B (Be mod.) 3.17 6.21 2.98 3.40 46.9 21.4 1.99 0.93 

A1S (Sr mod.) 0.67 1.04 1.25 1.07 50.3 17.9 1.84 0.70 

C3S (Sr mod.) 1.44 2.30 1.91 1.88 47.2 19.7 1.99 0.92 

A1BS (Be+Sr mod.) 1.31 1.94 1.84 1.66 47.6 18.8 1.94 0.81 

C3BS (Be+Sr mod.) 1.53 2.20 2.00 1.76 46.7 18.9 1.99 0.93 

*Codes A and C correspond to the Fe levels 0.09 and 0.6, respectively; while codes 1 and 3 
correspond to the Mg levels 0.4 and 0.8, respectively; codes B and S represent Be additions and Sr 
modification, respectively. 
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After applying solution heat treatment, as shown in Figures 4.15 through 4.17, the 

results may be interpreted as follows: the fragmentation and spheroidization of the eutectic 

Si particles in the 357 base alloy A1 occurs as the alloy is subjected to solution heat 

treatment and continues as the solution treatment time increases from 5h to 12h, as 

reflected in the continual decrease in Si particle size and a corresponding increase in the 

particle roundness. The influence of alloying additions on the degree of refinement of the Si 

phase may be discerned from the particle characteristics observed for the various alloys in 

the as-cast condition. The greatest refinement is obtained for the Sr-modified alloy A1S, 

with A1BS and C3BS alloys displaying a close degree of refinement, whereas the addition 

of Be alone reduces the particle size in both A1B and C3B alloys, but not to the extent as 

that observed with a combined Be+Sr addition. Applying solution heat treatment thereafter 

produces only a very slight decrease in particle size, however, a slight increase is obtained 

for alloys A1BS and C3BS; this increase may be attributed to the coarsening of the Si 

particles with the increase in solution treatment time. 
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Figure 4.15 Average particle area of eutectic silicon as a function of heat treatment 
condition. 
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Figure 4.16 Average particle length of eutectic silicon as a function of heat treatment 
condition. 
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Figure 4.17 Average particle roundness of eutectic silicon as a function of heat treatment 
condition. 
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these particles following solution treatment for 12h at 540°C. Spheroidization of the Si 

particles may be clearly noted in Figures 4.18 (c, d) and 4.19 (c, d), for the long solution 

treatment time. 

Compared to the microstructure of the as-cast base alloy A1 shown in Figure 

4.18(a), the as-cast A1BS alloy sample displays on the whole fine Si particles in the 

interdendritic regions. The large standard deviation observed in Table 4.5 is due the 

presence of large Si particles indicated by the solid arrow in Figure 4.18(b) mixed with the 

fine Si particles (indicated by the broken arrow). The as-cast microstructure of alloy C3 in 

Figure 4.19(a) shows the presence of intermetallic phases due to the high Mg and Fe levels 

present in the alloy, while a number of long β-Al 5FeSi needles are observed in the as-cast 

structure of alloy C3BS, Figure 4.19(b). 
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Figure 4.18 Morphology of eutectic silicon particles observed in 357 alloy samples 
under the following conditions: (a) and (c) base alloy A1 in as-cast and 
solution heat-treated conditions, respectively, (b) and (d) A1BS alloy in as-
cast and solution heat-treated conditions, respectively (DAS 24 µm). 
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Figure 4.19 Morphology of eutectic silicon particles observed in the 357 alloy samples 
under the following conditions: (a) and (c) alloy C3 in as-cast and solution 
heat-treated conditions, respectively, (b) and (d) Sr-modified C3BS alloy in 
as-cast and solution heat-treated conditions, respectively (DAS 24 µm). 
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4.3.2 Characteristics of Iron Intermetallic Phases 

4.3.2.1 As-Cast Condition 

Mathematically, the volume fraction or percentage of a phase may be represented 

by the average particle size (length or area) of that phase times the number of particles. The 

histogram shown in Figure 4.20 demonstrates the effects of alloy Fe and Mg content, and 

Sr and Be additions on the volume fraction of the β-Al 5FeSi iron intermetallic phase, as 

represented by the average β length for as-cast alloy samples obtained from the preheated 

(600ºC) graphite mold castings (DAS ~65µm), and from the metallic ASTM-B108 mold 

castings (DAS ~24µm), microstructures of which are shown in Figure 4.21 and Figure 4.22, 

respectively. As may be seen, the increase in cooling rate on going from the graphite to the 

metallic mold reduces the β-phase length by ~50%. A similar reduction in β-phase length 

can also be obtained by adding Be and/or Sr. Increasing Mg to 0.8 wt% and Fe to 0.6 wt% 

similarly resulted in reducing the β-phase length and hence the β-phase volume fraction. 

Increasing latter two elements also increases the π-phase volume fraction, as shown in 

Figure 4.22. These results agree with those reported by Elsharkawi. [56] 

 Figure 4.20 also illustrates how the addition of 0.02 wt% Sr to Al-7Si-Mg-Fe alloys 

resulted in slight decrease in the β-phase length, compared to non-modified alloys. This 

may be explained in terms of the presence of Sr which results in breaking up the β-phase 

platelets as reported by Samuel et al. [145] The authors reported that Sr is absorbed by the β-

phase platelets, leading to their destabilization and fragmentation. In the present context, 

this may contribute to an increase in the number of β-platelets available for the pre-eutectic 

reaction to occur, leading thereby to the formation of further amounts of the π-phase. 
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Figure 4.23 shows examples of β-phase platelets present in the microstructures of alloys A1 

and C3BS obtained from samples cast in metallic mold, respectively. These results agree 

with those reported in the literature. [143, 145] 

 

 

Figure 4.20 Histogram showing how the β-Al 5FeSi phase length is affected by cooling 
rate and alloy composition. 

 



 

 

119

 

Figure 4.21 Microstructures of as-cast samples of (a) A1, and (b) C3BS alloys 
 (DAS ~65µm). 
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Figure 4.22 Examples of π-Al 8FeMg3Si6 phase observed in (a) A1, and (b) C3 alloys 
(DAS ~24µm). 
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Figure 4.23 Microstructures of as-cast samples of (a) A1, and (b) C3BS alloys 
 (DAS ~24µm). 
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4.3.2.1 After Solution Heat Treatment 

The effects of solution treatment on the π-phase in Al-Si-Mg 357-type alloys were 

extensively investigated.  [56, 135, 136] It was concluded that after applying the recommended 

solution treatment, the Chinese-script π-phase is more or less decomposed completely to 

fine platelets of the β-phase in 0.4 wt% Mg-containing alloys. However, only partial 

decomposition is observed at higher Mg contents, namely 0.6-0.8 wt%. Addition of 500 

ppm Be reduces the amount of the π-phase formed in Al7SixMg-0.1Fe alloys. Addition of 

Be also facilitates the decomposition of the π-phase into the β-phase, particularly at higher 

Mg content. Also long solutionizing times lead to a significant reduction in the volume 

fraction of the π-phase through the dissolution and decomposition of the π-phase into fine 

β-phase platelets. [56] Together with the π-phase, it is also important to focus on 

investigating the characteristics of β-phase due to its negative effect on the mechanical 

properties. [30, 33] Solution heat treatment time and temperature have a significant effect on 

solubility of both soluble and partially soluble phases. The area percentage of the partially 

soluble intermetallic phases, particularly the β-phase, was observed to decrease with an 

increase in the solutionizing time, as illustrated in Figure 4.24. Reduction of ~25% after 5 

hours, and ~40% after 12 hours solution treatment were observed. The principal partially 

soluble phases which formed in the 357 casting alloys, for example the C3BS alloy, were 

the β-Al 5FeSi and π-Al 8FeMg3Si6 phases. The major phases observed in the as-cast 

structure, however, are β-Al 5FeSi and π-Al 8FeMg3Si6, as shown in Figure 4.22.  

The area percentages of β-phase platelets seen in Figure 4.24 for the different alloys 

studied may be divided into two groups: low ~0.3% and high ~2%. Since the curves lie 



 

 

123

close to these two points, it may be more effective to examine the changes in the β-phase 

platelets in terms of their lengths to compare the effects of each alloying element added, 

especially Be, on the characteristics of iron intermetallic phases. Not all π-phase particles, 

however, undergo complete decomposition even after 100 hours of solution treatment. [56] 

 

 

Figure 4.24 Average area percentage of β-phase observed in the 357 alloys studied (DAS 
~24µm). 
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Figure 4.25 shows the average β-phase platelet length as a function of solution heat 

treatment time. As may be noted, the presence of Be decreases the β-phase length 

considerably; this effect is limited by adding Sr. 

 

 

Figure 4.25 Characteristics of average β-phase length of the 357 alloy samples (DAS 
~24 µm). 
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Figure 4.26 illustrates the microstructures of alloys A1, C3, A1BS and C3BS alloy 

samples in the as-cast condition, cast in the ASTM-B108 mold. Both β-platelets and 

Chinese-scriptπ-phase in their regular morphology are observed in the four microstructures, 

as well as the Chinese-script Mg2Si phase. With the application of solution treatment, the β-

phase platelets were observed to undergo changes in their morphology due to the 

dissolution, thinning, necking and fragmentation of these platelets with increase in solution 

time. The changes in the size and morphology of the Fe-bearing phases become apparent 

upon increasing the solution time up to 12 hours, as shown in Figures 4.27(a) through (e). 

Figure 4.27(e) shows an enlarged particle of β-phase undergoing changes in its morphology 

through dissolution, necking and fragmentation. Such changes in morphology of the β-

phase were also mentioned in other studies. [146-148] All Mg 2Si particles were completely 

dissolved while most of π-phase was decomposed to β-phase and went to the fragmented 

form. The π-phase was observed to dissolve and/or transform into a cluster of very fine β-

phase platelets. Similar observations regarding the transformation of the π-phase have been 

reported in the literature. [56, 149-153] 
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Figure 4.26 The as-cast microstructure of (a) A1, (b) C3, (c) A1BS and (d) C3BS alloy 
samples (DAS ~24 µm). 
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Figure 4.27 Microstructures of alloys: (a) A1, (b) C3, (c) A1BS, (d) C3BS, alloy samples 

solutionized for 12h at 540ºC (DAS ~24 µm), and (e) enlarged area of 
encircled area in (d). 
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4.4 CONCLUSIONS  

Based on the microstructural results presented in this study from samples obtained 

from thermal analysis experiments (DAS ~65µm) and those obtained from tensile bars 

(DAS ~24µm), the following conclusions may be drawn: 

1. Beryllium causes partial modification effect of eutectic Si particles similar to that 

reported for magnesium addition. 

2. Addition of 0.8wt% Mg reduces the eutectic temperature by ~10°C, i.e. 1.3°C/0.1 

wt% Mg. 

3. During solidification of alloys containing high levels of Fe and Mg without Sr, a 

peak corresponding to the formation of Be-Fe phase (Al 8Fe2BeSi) is detected at 

611°C, which is close to the formation temperature of α-Al. 

4. The beryllium-iron phase precipitates in the form of script-like morphology close to 

other Fe-phases. 

5. A new eutectic reaction is observed to take place near the end of solidification of 

high-Mg, high-Fe, Be-containing alloys. The volume fraction of this reaction 

decreases with the addition of Sr. The new eutectic reaction is composed of fine 

particles of Si and π-Fe phases. 

6. Addition of Be has a noticeable effect on decreasing the β-phase length, or volume 

fraction, this effect may be limited in the presence of Sr.  

7. Beryllium addition also results in the precipitation of β-phase in the nodular form, 

which would decrease the harmful effects of these intermetallics on the alloy 

mechanical properties. 
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8. Increasing both Mg and Fe levels leads to an increase in the amount of the π-phase. 

9. Increasing the iron content leads to an increase in the volume fraction of the 

partially soluble β- and π-phases, whereas Mg2Si particles are completely dissolved. 

10. The β-phase platelets are observed to undergo changes in their morphology with 

increasing solution treatment time due to the dissolution, thinning, necking, and 

fragmentation of these platelets with the progress of solution treatment. 

11. The π-phase is observed to dissolve and/or transform into a cluster of very fine β-

phase platelets. 
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PART II 

ASSESSMENT OF MECHANICAL PROPERTIES 

 

4.5 INTRODUCTION 

Strength and alloy quality are the factors used to determine how a particular metal 

behaves under a tensile load. Any improvement in these mechanical properties is attributed 

to an increase of the tensile values observed. The chemical composition of the alloy, the 

presence of porosity and/or non-metallic inclusions, solidification rate and heat treatment 

conditions applied constitute the primary variables which affect the tensile properties and 

quality of aluminum alloy castings. The most common aluminum casting alloys are listed 

in Table 4.6. [1, 154] Among these, Al-Si alloy castings constitute 85 to 90% of all aluminum 

cast parts produced. 

 

Table 4.6 Chemical compositions of common types of Al-Si casting alloys (a) [1, 154] 
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Quality index charts, as will be seen later in this chapter, are used in selecting the 

optimum test conditions in order to enhance tensile properties and quality in Al-Si alloys, 

particularly the Al-Si-Mg family of casting alloys. Based on the information presented in 

Table 4.6, the Al-Si-Mg (356 and 357) alloys will be examined according to their Mg and 

Fe levels, as well as Be additions. 

 

4.6  RESULTS AND DISCUSSION 

The 356 and 357 (Al-Si-Mg) alloys investigated in the present work were classified 

into six categories by considering the base alloy A1 (low Mg - low Fe), alloy A3 (high Mg 

- low Fe), and alloy C3 (high Mg - high Fe), under different heat treatment conditions, as 

the reference alloys based on which any changes in tensile properties will be discussed. The 

six categories selected were: (i) A1 series taking alloy A1 as reference alloy to understand 

the influence of Be and Sr additions in the case of low Mg-containing alloys, (ii) A3 series 

using alloy A1 as reference alloy to investigate the effect of increasing the Mg content, (iii) 

A3 series taking alloy A3 as reference alloy to discuss how Be and Sr additions affect the 

high Mg-containing alloys, (iv) C3 series using alloy A3 as reference alloy to study the 

influence of increasing Fe levels, (v) C3 series taking alloy C3 as reference alloy to 

determine the effects of adding Be and Sr to high Mg- and high Fe-containing alloys, and 

(vi) C3 series using alloy A1 as reference alloy to elaborate upon the combined effects of 

different Mg and Fe contents, with other alloying elements, on the alloy mechanical 

properties. Tensile properties of the reference alloys A1, A3 and C3 in the as-cast and heat-

treated conditions are summarized in Table 4.7. 



 

 

132

Table 4.7 Tensile properties of reference alloys A1, A3 and C3 of the as-cast and heat-
treated conditions 

 

 

 

In the as-cast samples, raising the Mg content from 0.4wt% (alloy A1) to 0.8wt% 

(alloy A3) slightly increased the alloy strength due to the partial modification effect of Mg, 

as well as the transformation of the β-phase into the π-phase (most of the Fe-intermetallic 

phases precipitated in the form of the π-phase, despite the low amount of Fe (0.09 wt%) 

Alloy 

Code 

Mechanical 

Property 

As-cast SHT 

5h 

Aging time (h) 

2 4 6 8 12 

 

A1 

UTS(MPa) 203.8 262.2 342.2 358.0 361.0 354.0 360.3 

YS (MPa) 97.1 115.9 237.2 266.9 277.2 281.5 291.7 

El (%) 6.5 159 9.9 8.7 8.1 6.2 6.5 
 

A3 

UTS(MPa) 204.3 263.0 343.3 357.8 380.8 382.9 386.2 

YS (MPa) 114.1 140.9 254.0 291.5 329.6 332.5 347.5 

El (%) 3.4 7.2 6.0 4.3 3.1 2.7 2.0 
 

C3 

UTS(MPa) 200.9 239.3 319.9 328.2 366.2 365.7 360.4 

YS (MPa) 116.0 135.3 269.7 296.6 345.2 350.4 356.8 

El (%) 2.6 4.8 1.7 1.0 0.9 0.9 0.7 
Alloy 

Code 

Mechanical 

Property 

As-cast SHT 

12h 

Aging time (h) 

2 4 6 8 12 

 

A1 

UTS(MPa) 203.8 255.0 340.3 356.0 359.9 362.3 361.6 

YS (MPa) 97.1 107.5 228.7 273.5 284.3 274.1 279.6 

El (%) 6.5 17.6 12.3 9.9 8.7 9.4 8.5 
 

A3 

UTS(MPa) 204.3 287.4 351.3 368.1 381.9 382.0 384.5 

YS (MPa) 114.1 154.0 265.7 294.8 321.1 336.4 353.0 

El (%) 3.4 9.7 6.5 3.6 3.9 2.7 2.0 
 

C3 

UTS(MPa) 200.9 250.4 316.5 334.4 337.4 335.3 334.2 

YS (MPa) 116.0 151.8 294.2 301.3 317.0 326.0 327.0 

El (%) 2.6 4.3 1.0 1.1 0.8 0.7 0.7 
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present), whereas raising the Fe level up to 0.6wt% in the high Mg-containing alloy C3 led 

to a decrease in the UTS due to the formation of Fe-intermetallics. For all the three 

reference alloys, the percent elongation decreased.  

Applying a 5-hour solution heat treatment at 540°C raised the UTS by 59 MPa for 

alloys A1 and A3, and by 39 MPa for alloy C3. The fragmentation and spheroidization of 

Si particles, the spheroidization of undissolved π-phase particles, the dissolution of Mg2Si 

in the matrix and decomposition of the π-phase to the β-phase, which was fragmented 

during solution heat treatment, all helped to improve the tensile properties.  

It was observed that a higher solution heat treatment time (12 hours) led to further 

improvement of the UTS (60 MPa for alloys A1 and A3, and 50 MPa for alloy C3). This is 

due to the increase in fragmentation and spheroidization of Si particles and decomposition 

of the π-phase to the β-phase or further fragmentation of β-phase platelets. For both 

solution times (5h and 12h), the percent elongation was much greater than that in the as-

cast condition for alloys A1, A3 and C3, indicating improved ductility. [155,156] 

The micrographs in Figures 4.28 and 4.29 demonstrate how the tensile properties 

shown in Table 4.7 were affected by Mg content and solution heat treatment. Those 

presented in Figure 4.30 demonstrate how the microstructures, and consequently the tensile 

properties, were affected by raising the Mg and Fe levels, in addition to the solution heat 

treatment used. [157, 158]  
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Figure 4.28 Optical microstructures of the low Mg- and low Fe-containing base alloy 

A1: (a) as-cast sample showing small particles of β- and π-phases, and (b) 
after a 12h solution heat treatment showing fragmentation of the β-phase as 
well as spheroidization of the π-phase particles. 
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Figure 4.29 Optical microstructures of the high Mg- and low Fe-containing alloy A3: (a) 
as-cast sample showing larger particles of β- and π-phases, and (b) after a 
12h solution heat treatment showing fragmentation of the β-phase as well as 
spheroidization of the π-phase particles.  
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Figure 4.30 Optical microstructures of the high Mg- and high Fe-containing alloy C3: (a) 

as-cast sample showing larger particles of β- and π-phases, (b) after a 12h 
solution heat treatment showing fragmentation of the β-phase as well as 
spheroidization of the π-phase particles, (c) and (d) backscattered images of 
both conditions, respectively; image (d) shows decomposition of the π-phase 
into the β-phase, fragmentation of the β-phase (black arrows), as well as 
spheroidization of the π-phase (red arrows). 

 
 
 

Figure 4.30(d), in particular, is an excellent example showing the decomposition of 

the π-phase and fragmentation of the β-phase (black arrows), as well as spheroidization of 

the π-phase (red arrows). Figures 4.28 through 4.30 show a complete dissolution of the 

Mg2Si phase and the influence of solution heat treatment on the eutectic Si particles, which 
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appear in fragmented, spheroidized and coarsened forms. [159, 160] Complete dissolution of 

the Mg2Si phase and thermal modification of the eutectic Si particles has a marked effect in 

increasing the alloy mechanical properties. These results agree with the work carried out by 

Elsharkawi et al. [135, 136] 

 Coarsening of the Si particles during solution heat treatment can be explained by 

Ostwald ripening, [161, 162] where this mechanism describes the change of an inhomogeneous 

structure over time, i.e., small crystals or particles dissolve, and redeposit onto larger 

crystals or particles, as shown schematically in Figure 4.31. [162] The Si particles will 

increase in size provided their size is greater than the critical volume, while smaller 

particles will dissolve into the larger particles. Subsequently, the average size and spacing 

of the Si particles will increase, while the particle density will decrease during the 

coarsening stage. This mechanism of Si particle coarsening was observed for the three 

reference alloys (A1, A3 and C3) after solution heat treatment was applied. 

 

 

 

Figure 4.31 Basic representation of the coarsening mechanism as proposed by 
Ostwald.[162] 
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The same phenomenon was observed for Mg2Si precipitates when aged at 160°C for 

up to 12 hours. Coarsening of the Mg2Si precipitates became more pronounced when the 

Mg content was increased from 0.4wt% (alloy A1) to 0.8 wt% (alloy A3). It should be 

pointed out that the original Mg2Si volume fraction formed during quenching from the 

solution temperature was increased, as observed in the backscattered images presented in 

Figure 4.32(a, b). Some examples of Mg2Si coarsening precipitates are shown in the areas 

circled in Figure 4.32(c). 

The base A1 alloy was aged at 160°C for 2, 4, 6, 8 and 12 hours, following a 

solution treatment at either 5 or 12 hours. The ultimate tensile (UTS) and yield strength 

(YS) values were markedly improved with increase in aging time up to the point of peak 

aging due to the presence of more precipitates of Mg2Si which were dissolved after 

increasing the solution heat treatment time. The maximum UTS values reported for the A1 

base alloy were 361 MPa (5 hours solution heat treatment, 6 hours of aging) with further 

increase in the yield strength (YS) after 6 hours of aging, and 362 MPa (12 hours solution 

heat treatment, 8 hours of aging) with continuous increase in the yield strength after 8 hours 

of aging as well. Thus it is difficult to determine the peak aging point exactly and prolonged 

aging times beyond 12 hours may be recommended. 
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Figure 4.32 (a) and (b) Backscattered images of the as-cast microstructures of the A1 
and A3 alloys, and (c) fine and coarse Mg2Si precipitates observed in the 
solution heat-treated A1 base alloy. The areas circled in (c) are some 
examples of Mg2Si precipitate coarsening. The enlarged area of (c) shows 
the dissolving of some small particles and re-deposition onto a larger one, 
resulting in coarsening.  
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Upon T6-heat treating the high Mg-containing A3 alloy, It was observed that 

increasing the Mg content encourages the amount of Mg2Si precipitation and, as a result, 

the UTS may go up with aging time. Peak aging was observed after 12 hours aging time for 

the two applied solution heat treatment times, i.e. 5 and 12 hours. The UTS obtained in the 

peak-aged condition for the A3 alloy was 386 MPa (5 hours solution heat treatment, 12 

hours of aging) and 385 MPa (12 hours solution heat treatment, 12 hours of aging). 

The high Mg- and Fe-containing C3 alloy was also T6-treated as for reference 

alloys A1 and A3. Again, it was observed that increasing the Mg content encourages the 

precipitation of Mg2Si and, as a result, the UTS increases with aging time. However, this 

increase in UTS was found to be limited, given that the high Fe and Mg contents lead to a 

stronger presence of the π-Al 8FeMg3Si6 phase. Peak aging was observed at 6 hours aging 

time for both solution heat treatment times. These results demonstrate that the amount of 

Mg2Si is the primary variable responsible for the 357 alloy strength. The highest UTS 

values observed for the C3 alloy were 366 MPa (5 hours solution heat treatment, 6 hours of 

aging) and 337 MPa (12 hours solution heat treatment, 6 hours of aging). 

The results shown in Table 4.7 indicate that: (i) greater levels of Mg increase the 

peak aging time and UTS value, (ii) greater Fe levels, with or without an increase in Mg 

content, increase the peak aging time and noticeably decrease the corresponding strength, 

and (iii) the UTS increases with longer solution heat treatment and aging times, especially 

in the case of the high Mg- and low Fe-containing alloys. [163] 
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For aged samples, once past the point of peak aging, softening was noted to occur. 

This is attributed to the coarsening of the Mg2Si precipitates by either clustering, as shown 

in Figures 4.33 (alloy A1) and 4.34 (alloy A3), or by the Ostwald ripening mechanism. 

Figure 4.33(a) shows how the Mg2Si precipitates initiate clustering during 2 hours of aging. 

The circled areas in these two figures reveal the tendency for growth of the Mg2Si cluster 

with increase in aging time, from 2 to 12 hours (Figures 4.33 (a) and (b)), or with increased 

Mg content for the same aging time of 12 hours (Figure 4.33(b) and Figure 4.34(a)). When 

comparing these last two figures, it is observed that raising the Mg content increases the 

density of the Mg2Si precipitates. The clustering of the Mg2Si precipitates and the 

associated growth is shown in Figure 4.35. 

In a previous investigation of the aging behavior of 357 alloys, a noticeable 

reduction in the strength (commencement of softening) of the alloys examined upon 

increasing the aging time or temperature, was reported to be related to the formation of 

coarser precipitates in the matrix, displaying large inter-particle spacing, as shown in Figure 

4.36. This facilitates dislocation motion and results in softening, thereby reducing the alloy 

strength and, consequently, the quality index values, as will be explained later in this 

chapter, of the castings being studied. [153] 
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Figure 4.33 Backscattered images of the base A1 alloy after aging at 160°C for: (a) 2 

hours and (b) 12 hours, showing an increase in the amount of clustered 
Mg2Si precipitates with increasing aging time. 

 

 

(a) 

(b) 
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Figure 4.34 (a) Backscattered image of the high Mg-containing A3 alloy after aging at 
160°C for 12 hours which shows a high density of Mg2Si precipitates, as 
well as more of the clustered precipitates, and (b) EDS spectrum of clustered 
Mg2Si precipitates. The enlarged area of (a) shows the onset of precipitate 
clustering. 
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Figure 4.35 Clustering of Mg2Si during precipitation hardening of the high Mg-

containing A3 alloy at 160°C for 12 hours, after being solution heat-treated 
for 12 hours. 

 
 
 

 
 

Figure 4.36 Schematic representation showing the influence of increasing aging 
temperature/time on the size, density, and inter-particle spacing of the 
hardening precipitates: (a) at low aging temperature/time, and (b) at high 
aging temperature/time. L1 and L2 indicate the inter-particle spacing in each 
case. [153] 
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Based on the above-mentioned observations, coarsening of precipitates may take 

place either by dissolution and re-deposition or clustering of fine particles prior to 

becoming large ones leading to commencement of softening. The observed clustering may 

be explained in terms of precipitation of Mg2Si particles on the pre-existing Mg2Si particles 

leading ultimately to coarsening with increase in aging time. However, more work is 

needed to arrive at a better understanding of this observation and the exact coarsening 

mechanism. 

From an engineering point of view, yield strength is the main parameter on which 

design considerations are based, given that YS is more sensitive to alloying additions than 

UTS. From the values listed in Table 4.7, the YS increased in the cases of: (i) increased Mg 

levels, as well as increased Fe contents (from 0.09wt% in A alloys to 0.6wt% in C alloys, 

alloy C3 being an example of an alloy with increased Fe content), (ii) after solution heat 

treatment, and (iii) with increasing aging time.  

Increasing the Mg levels in the as-cast condition raised the YS by 17 MPa and by 

19 MPa when the Fe content was also raised. When solution heat treatment was applied to 

the base A1 alloy, the YS was seen to increase by 19 MPa for a 5-hour solution treatment 

and 10 MPa for a 12-hour solution treatment. In the case of alloy A3, the YS was seen to 

increase by 26 MPa for a 5-hour solution treatment and 40 MPa for a 12-hour solution 

treatment. A reduced degree of improvement in the yield strength was reported for either 

solution treatment time in the case of the high Fe-containing C3 alloy. 
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Aging time was also observed to be a significant factor affecting the yield strength, 

where longer aging times led to greater YS values. Maximum YS values of 292, 347 and 

357 MPa for alloys A1, A3 and C3, respectively, were observed after prolonged aging. 

Ductility, as measured by percent elongation, is inversely proportional to strength, 

particularly the yield strength. However, improvement of the alloy ductility is as important 

as improvements in the strength. As shown in Table 4.7, alloy ductility was improved at 

greater Mg levels and/or solution treatment time, whereas it decreased with increase in Fe 

content.  

Magnesium and iron have been observed to affect the strength, ductility and quality 

of the 357 alloys studied. Figure 4.37 shows the quality chart, which was generated to 

represent the effects of Mg and Fe content on the tensile properties of the alloys under 

investigation.  
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Figure 4.37 Quality chart generated using equations (1) and (2), showing the effects of 
adding Mg and Fe. Samples were solution heat-treated for 5h at 540°C, 
followed by quenching in warm water and no aging. 

 

As can be seen from the figure, when the Fe level is increased from 0.09 wt% (alloy A3) to 

0.2 wt% (alloy B3) and further to 0.6 wt% (alloy C3), the alloy strength and ductility are 

decreased and the alloy quality is diminished. This detrimental effect is caused by an 

increased presence of brittle, undissolved Fe-intermetallic phases. Similar observations 

were made when the Fe content was increased from alloy 0.09 wt% (A2) to 0.2 wt% (alloys 

B1 and B2) and, finally, to 0.6 wt% (alloys C1 and C2). Since these alloys contain different 

levels of Mg (0.4, 0.6 and 0.8 wt%), it can be seen that a high Fe content will bring about a 

noticeable reduction of the alloy mechanical properties, regardless of the Mg content.  
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When increasing the Fe-level, the Fe series presented in Figure 4.37 shift virtually 

parallel to the iso-Q lines toward the lower left-hand portion of the figure, where all alloy 

properties are lowered. The yield strength, however, revealed no significant changes when 

increasing the Fe-level from 0.09 to 0.6% (Figure 4.37), where each Mg line, which 

represents three levels of Fe, is more or less parallel to the iso-yield strength lines or iso-

flow lines. Yield strength is independent of impurity elements such as Fe but is strongly 

affected by the addition of hardening elements or by the application of a suitable aging step. 

The increase in the Mg content from 0.4 wt% (alloy A1) to 0.6 wt% (alloy A2) leads 

to an improvement in the strength of the castings by about 12 MPa, and to a corresponding 

decrease in ductility without any decrease in the quality (Figure 4.37). Further 

improvements (32 MPa) were observed when raising the Mg level up to 0.8 wt% (alloy 

A3). Positive effects were also observed when raising the Mg levels from alloys B1 and C1 

(0.4 wt%) to alloys B2 and C2 (0.6 wt%) and B3 and C3 (0.8 wt%). Since these alloys have 

different levels of Fe (0.09, 0.2and 0.6 wt%), then greater Mg contents yield a noticeable 

improvement of the alloy mechanical properties, in spite of the presence of Fe. These 

observations relate to the fact that the amount by which the strength of the alloy is 

increased compensates for the amount by which the ductility is reduced. The improved 

strength of the castings obtained by increasing the Mg content is related to the precipitation 

of the Mg2Si phase, where the greater Mg content will yield a higher density of this phase. 

However, a higher Mg level will also lead to the precipitation of the π-Al 8FeMg3Si6 phase, 

which has a deleterious effect on both strength and ductility, in other words, the quality, of 

the castings. [89, 90] 
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 It was observed that adding Be improved the tensile properties and quality of the 

alloys containing various levels of Mg and Fe (in this case, alloys A1B, A2B, A3B, B1B, 

B2B, B3B, C1B, C2B and C3B). As may be seen from Figure 4.38, the addition of Be 

shifts the quality index values towards the upper right portion of the chart, i.e. in the 

direction of improved alloy quality. From the figure, the yield strength is shown to increase, 

as indicated by the shift of the Mg lines towards the direction of higher YS. The 

improvement in tensile properties through the addition of Be stems from two sources: (i) 

during casting, the presence of Be helps to prevent the oxidation of Mg, and (ii) changing 

the morphology and chemistry of the β-Fe phase platelets to smaller nodular-shaped β-

phase particles, accelerating the π-phase decomposition to the β-phase and forming a 

Chinese-script Be-Fe phase (Al8Fe2BeSi).  [51, 54, 57] 

 For different levels of Fe and Mg (in this case, alloys A1S, A2S, A3S, B1S, B2S, 

B3S, C1S, C2S and C3S), the addition of Sr improved the tensile properties and quality 

index values of the modified alloys compared to the non-modified alloys (without Sr), as 

shown in Figure 4.39. The addition of Sr also helped reduce the harmful effect of the β-

phase by transforming it into the script-like α-Al 8Fe2Si phase.[30] 
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Figure 4.38 Quality chart generated using equations (1) and (2), showing the effects of 

adding Be, Mg and Fe. Samples were solution heat-treated for 5h at 540°C, 
followed by quenching in warm water and no aging. 

 

 

The combined effect of adding both Be and Sr to the alloys investigated yielded a 

noteworthy increase in the tensile properties and quality index values of the alloys 

containing both Fe and Mg (for example, alloys A1BS, A2BS, A3BS, B1BS, B2BS, B3BS, 

C1BS, C2BS and C3BS), as compared to the reference alloys (without Be or Sr). Figure 

4.40 illustrates the quality chart pertaining to the combined effects of Be and Sr on the 

tensile properties of the alloys examined. When adding Be and Sr, the Fe series shifts 

toward the upper right-hand portion of the figure, parallel to the iso-Q lines.  
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Figure 4.39 Quality chart generated using equations (1) and (2), showing the effects of 
adding Sr, Mg and Fe. Samples were solution heat-treated for 5h at 540°C, 
followed by quenching in warm water and no aging. 

 

 

The yield strength exhibited a marked increase when both Be and Sr were added, as 

may be observed in Figure 4.40, where each Mg line, which represents three levels of Fe, 

shifts more or less parallel to the iso-yield strength or iso-flow lines in the direction of 

higher yield strength. The only negative effect reported associated with adding both Be and 

Sr was the formation of the Be-Sr phase (SrBe3O4) 
[61]

 which limits improvements in the 

yield strength.  
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Figure 4.40 Quality chart generated using equations (1) and (2), showing the effects of 

adding Be, Sr, Mg and Fe. Samples were solution heat-treated for 5h at 
540°C, followed by quenching in warm water and no aging. 

 

 

Increasing the solution heat treatment time to 12 hours further improves in the 

tensile properties and quality index values of the alloys as observed in Figures 4.41 through 

4.44. With respect to the three reference alloys A1, A3 and C3, the improvement in quality 

results from: (i) a larger density of precipitates of completely dissolved Mg2Si, (ii) further 

decomposition of the π-phase into the β-phase, (iii) higher fragmentation rate of the β-

phase, and (iv) more spheroidization of the Si and π-phases as shown previously in Figures 

4.28 through 4.30. These observations were noted to increase with longer solution heat 



 

 

153

treatment times. [163, 164]  

Figure 4.41 shows the quality charts representing the effects of iron level and 

magnesium content on the properties of the 357 alloys after 12h solution treatment. When 

the Fe level in these alloys is increased from 0.09 wt% (alloy A3) to 0.2 wt% (alloy B3), 

strength is decreased, ductility is reduced, and the alloy quality is diminished. This was 

attributed to an increased density of brittle, undissolved Fe-intermetallic phases. Negative 

effects were also observed when the Fe content was increased to 0.6 wt% in alloy C3. Since 

these alloys have different levels of Mg (0.4, 0.6 and 0.8 wt%), it may be said that 

increasing Fe contents noticeably reduce the mechanical properties, regardless of the alloy 

Mg levels. 

When increasing the Fe level, the Fe series shown in Figure 4.41 are seen to shift 

virtually parallel to the iso-Q lines toward the lower left-hand portion of the figure. The 

yield strength, however, revealed no significant changes when increasing the Fe level from 

0.09% to 0.6%, as shown in Figure 4.40, where each Mg line, which represents three levels 

of Fe, is more or less parallel to the iso-yield strength or iso-flow lines. Yield strength is 

thus independent of impurity elements such as Fe. 

The increase in the Mg content from 0.4wt% (alloy A1) to 0.6wt% (alloy A2) leads 

to an improvement of about 10 MPa in the strength of the castings and to a slight decrease 

in ductility, but without a noticeable reduction of quality, as may be seen from Figure 4.41. 

Further improvements were observed by increasing the Mg level up to 0.8wt% (alloy A3).  
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Similarly, positive effects were obtained with increase in Mg levels, This may 

attributed to the fact that the amount by which the strength of the alloy is increased 

compensates for the amount by which the ductility is decreased. The improved strength of 

the castings obtained by increasing the Mg-level is directly related to the precipitation of 

Mg2Si. A higher Mg content will yield a higher density of this hardening phase. On the 

other hand, a higher Mg content will also bring about the precipitation of a large volume 

fraction of the π-Al 8FeMg3Si6 phase which ultimately has a deleterious effect on both the 

strength and the ductility of the alloys and consequently on their quality. Comparison of 

Figure 4.41 with Figure 4.37 reveals that increasing the solution heat treatment time shows 

no observable effect on improving the mechanical properties and quality index values of 

alloys containing only Fe and Mg, without additions of Be and Sr. [165-167] 
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Figure 4.41 Quality chart generated using equations (1) and (2), showing the effects of 

adding Mg and Fe. Samples were solution heat-treated for 12h at 540°C, 
followed by quenching in warm water and no aging. 

 
 

Beryllium additions improved the tensile properties and quality index values of the 

alloys containing Mg and Fe and resulted in shifting the quality index values towards the 

upper right corner of the chart shown in Figure 4.42. The yield strength is also observed to 

increase as indicated by the shift of the Mg lines towards the direction of higher yield 

strength. The improvement in mechanical properties stems from two sources: (i) retention 

of more Mg in the molten metal resulting from the effect of Be in protecting Mg from 

oxidation by forming the Be-Mg phase (MgBe13), 
[64-66] and (ii) changes in the morphology 

and chemistry of the β-Fe phase from platelets to much smaller nodular-shaped β-Fe 
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particles, an acceleration in the decomposition of the π-phase into the β-phase, and 

formation of the Chinese-script Be-Fe phase (Al8Fe2BeSi). [51, 55] 

By comparing Figures 4.42 and 4.38 it may be seen that Be greatly improves the 

mechanical properties and quality index values, particularly at higher solution treatment 

times.  

 

 
 

Figure 4.42 Quality chart generated using equations (1) and (2), showing the effects of 
adding Be, Mg and Fe. Samples were solution heat-treated for 12h at 540°C, 
followed by quenching in warm water and no aging. 
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 For a 12-hour solution heat treatment time, and for the different levels of Fe and Mg 

used, the addition of Sr improved the tensile properties and quality index values of the 

modified alloys (namely, alloys A1S, A2S, A3S, B1S, B2S, B3S, C1S, C2S and C3S), 

compared to the non-modified alloys, as shown in Figure 4.43. [168] This improvement in 

mechanical properties is related to the change in the eutectic Si morphology from acicular 

to fibrous type, and to the role of Si in reducing the harmful effect of the β-phase by 

transforming it into the α-Al 8Fe2Si script-like phase.  

 For the 12-hour solution heat-treated samples, the combined addition of both Be and 

Sr yielded a significant increase in the tensile properties and quality index values of the 

alloys A1BS, A2BS, A3BS, B1BS, B2BS, B3BS, C1BS, C2BS and C3BS, compared to the 

reference alloys (without Be or Sr). As strength and ductility are both increased, the quality 

is also improved, as seen in the quality chart of Figure 4.44. With the addition of Be and Sr, 

the Fe series shown in Figure 4.44 shifts parallel to the iso-Q lines toward the upper right-

hand portion of the figure, in the direction where the desired properties are enhanced.[169,170]  

The yield strength experienced a significant increase when adding both Be and Sr, 

as may be observed in Figure 4.44, where each Mg line, which represents three levels of 

Fe, is shifted more or less parallel to the iso-yield strength or iso-flow lines in the direction 

of higher yield strength. The only negative effect reported with respect to adding both Be 

and Sr was the formation of the Be-Sr phase (SrBe3O4) which limits improvements in the 

YS.  
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Figure 4.43 Quality chart generated using equations (1) and (2), showing the effects of 

adding Sr, Mg and Fe. Samples were solution heat-treated for 12h at 540°C, 
followed by quenching in warm water and no aging. 

 
 
 
 A comparison of Figures 4.44 and Figure 4.40 confirmed that Be and Sr have a 

noteworthy combined effect in improving the mechanical properties and quality index 

values with increased solution heat treatment time. The results observed in this study with 

respect to the mechanical properties and quality index values of 357 alloys are in good 

agreement with those reported in the literature. [89, 90, 171-173]  
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Figure 4.44 Quality chart generated using equations (1) and (2), showing the effects of 

adding Be, Sr, Mg and Fe. Samples were solution heat-treated for 12h at 
540°C, followed by quenching in warm water and no aging. 

 
 
 

In order to better understand the effects of Mg, Fe, Be and Sr interactions on the 

tensile properties of the alloys used in this study were examined in terms of alloy A1 (base 

alloy containing low Mg and low Fe content), alloy A3 (which has high Mg and low Fe) 

and alloy C3 (high amounts of both Mg and Fe) were selected as reference alloys. The 

changes (∆P) in tensile properties (UTS, YS and %El) were noted for the alloys studied 

with respect to these reference alloys as follows: 

(i) ∆P is defined as the change in ultimate tensile strength (UTS) of a given alloy, with 

respect to its reference alloy; 
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(ii)  ∆PY is defined as the change in yield strength (YS) of a given alloy, with respect to 

its reference alloy; and 

(iii)  ∆PE is defined as the change in percent elongation (%El) to fracture of a given 

alloy, with respect to its reference alloy. 

 

The influence of adding Be, Sr, or both to the low Mg- and low Fe-containing base 

alloy, A1, with respect to tensile properties is presented in Figures 4.45 to 4.47. Adding 

0.05wt% Be to the base alloy, thus producing alloy A1B, led to small loss (~10 MPa with 

respect to the base alloy A1) in the as-cast, solution heat-treated and aged conditions, as 

shown in Figure 4.45. A slight increase in the UTS was observed in alloy A1B after a 12-

hour solution heat treatment. This may be attributed to the role of Be in preventing Mg of 

oxidation during casting, thereby increasing the amount of Mg available for the 

precipitation of the Mg2Si phase. 

An addition of 200 ppm Sr to the base alloy A1 (thus producing alloy A1S) has a 

similar impact on the UTS as that observed after introducing Be to the alloy. This increase 

in the UTS may be due to the change in the shape and distribution of the eutectic Si 

particles caused by the Sr-addition. When Be and Sr were added to the base alloy (giving 

alloy A1BS), further positive changes in the UTS were obtained. 
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Figure 4.45 Changes in ultimate tensile strength of low Mg- and low Fe-containing A1 
alloys with respect to base alloy A1. 

 

 
The yield strength was observed to increase by ~15 MPa for the alloy A1B, as 

shown in Figure 4.46. This was especially noticeable in two cases: (i) after 12 hours of 

solution heat treatment and (ii) with increasing aging time. A marked improvement in the 

YS (~25 MPa) was noted with increasing aging time, from 4 to 12 hours, for the 12-hour 

solution heat-treated A1B alloy, as a result of the enhanced precipitation of the Mg2Si 

hardening phase or the spheroidized π-phase particles. The addition of Sr yielded similar 

results as that of Be on the YS, while introducing both Be and Sr further increased the YS 

by ~30 MPa. 



 

 

162

 

Figure 4.46 Changes in yield strength of low Mg- and low Fe-containing A1 alloys with 
respect to base alloy A1. 

 
 

 

Percent elongation in the Be-modified alloy, A1B, was not affected by increasing 

either the solution heat treatment time or aging time, as presented in Figure 4.47. With 

respect to changes in the alloy tensile properties due to Be and/or Sr additions to base alloy, 

it appears that yield strength is most sensitive to these additions, in a positive way. 
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Figure 4.47 Changes in percent elongation of low Mg- and low Fe-containing A1 alloys 
with respect to base alloy A1. 

 

Increasing the level of Mg in the base A1 alloy to 0.8 wt% produces alloy A3. The 

effects of adding Be or Sr (or both) to alloy A3, with respect to tensile properties are shown 

in Figures from 4.48 to 4.50, with alloy A1 serving as the reference alloy. The high Mg 

level led to an increase in UTS of up to 35 MPa, for samples exposed to a long solution 

heat treatment time. [174, 175] Adding 500ppm of Be to alloy A3 (producing alloy A3B) also 

revealed a noticeable increase in UTS, of ~30 MPa, with respect to the base A1 alloy, for 

samples exposed to a 12-hour solution heat treatment time and subsequently aged, as 

shown in Figure 4.48.  
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Raising the Mg content increases the formation of the π-phase, which, in turn, will 

provide more spheroidized of the π-phase particles, ultimately increasing the alloy UTS. 

The increase in UTS may also be attributed to the role of Be in enhancing the precipitation 

of the Mg2Si hardening phase, by preventing the oxidation of Mg during casting. [176, 177] 

Adding 200ppm Sr to the base alloy A3 (producing alloy A3S) produced similar 

observations on the UTS as that observed with Be addition.  

When Be and Sr were both added to the A1 alloy (producing alloy A3BS), negative 

changes in the UTS were observed, reported to be due to interaction of Be with Mg and Sr, 

leading to the formation of Be-Mg (MgBe13) and Be-Sr (SrBe3O4) phases; it appears that 

the latter phase, SrBe3O4 has a negative effect on the alloy mechanical properties in that it 

reduces the amount of free Be. This reaction is expected to take place near the melt 

surface.[61, 64-66] 

When comparing the high Mg-containing alloy, A3, with the base A1 alloy, the yield 

strength was observed to increase by ~40 MPa for the cases of increased Mg (0.8 wt%) 

content, Be-addition (alloy A3B), Sr-modification (alloy A3S), and (Be+Sr) addition (alloy 

A3BS), as presented in Figure 4.49, especially for long aging times. These observations 

demonstrate that the Mg2Si precipitates serve as the primary hardening agent in these 

alloys. 
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Figure 4.48 Changes in ultimate tensile strength of high Mg- and low Fe-containing A3 
alloys with respect to base alloy A1. 

 

 

Percent elongation was observed to improve with increased aging time for the high 

Mg-containing alloys (A3, A3B, A3S and A3BS), as shown in Figure 4.47. [178] As in the 

case of the A1 alloys, for the A3 alloys also, it was observed that yield strength is the 

tensile property most sensitive, in a positive way, to additions of Mg, Be and Sr.  

 



 

 

166

 

Figure 4.49 Changes in yield strength of high Mg- and low Fe-containing A3 alloys with 
respect to base alloy A1. 

 

 

 



 

 

167

 

Figure 4.50 Changes in percent elongation of high Mg- and low Fe-containing A3 alloys 
with respect to base alloy A1. 

 

 
 
 

Consider the high Mg-containing alloy, A3, as a reference alloy with which to study 

the effects of Be and Sr interactions on tensile properties (Figures 4.51 to 4.53). Adding Be 

(A3B) or Sr (A3S) or both (A3BS) to the A3 alloy did not produce any noticeable effects 

on the UTS values, except for a slight improvement with aging time, regardless of the 

solution heat treatment time used (Figure 4.51). [178] The noted improvement in UTS was 

attributed to further precipitation of the Mg2Si hardening phase with further aging of the 

alloy. No observed effects on yield strength values were reported, with the exception of a 
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slight increase at low aging time (less than 6 hours), irrespective of the solution heat 

treatment time used (Figure 4.52).  

 

 

Figure 4.51 Changes in ultimate tensile strength of high Mg- and low Fe-containing  
A3 alloys with respect to alloy A3. 
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Figure 4.52 Changes in yield strength of high Mg- and low Fe-containing A3 alloys with 
respect to alloy A3. 

 

 

Percent elongation was improved by adding Be, Sr, or both, especially at higher 

aging times, as shown in Figure 4.53. From the results shown for the high Mg- and low Fe-

containing A3 alloys, Be and Sr interactions appear to have no noticeable effects on the 

alloy mechanical properties. Once again, Mg2Si precipitates were confirmed to be the main 

hardening agent in these alloys. 
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Figure 4.53 Changes in percent elongation of high Mg- and low Fe-containing A3 alloys 
with respect to alloy A3. 

 

 

The high Mg- and low Fe-containing A3 alloy was used as a reference alloy in order 

to study the effects of a high Fe content, as well as Be and Sr interactions, on the tensile 

properties of C3, C3B, C3S and C3BS alloys, as shown in Figures 4.54 to 4.56. As 

expected, high levels of Fe lower the UTS, and regardless of the addition of effective 

alloying elements or the type of heat treatment applied, the alloy strength remains 

diminished.  
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Figure 4.54 Changes in ultimate tensile strength of high Mg- and high Fe-containing C3 
alloys with respect to alloy A3. 

 
 
 

The yield strength was found to increase with increasing aging time regardless 

solution heat treatment time, and appeared to be more sensitive to Mg, Be and Sr effective 

additions. The increase in yield strength values with increasing aging time confirms that the 

Mg2Si precipitates are mainly responsible for hardening in these alloys. Percent elongation 

was observed to improve with increasing aging time for high Mg-and high Fe-containing 

alloys C3, C3B, C3S and C3BS as shown in Figure 4.56.  
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Figure 4.55 Changes in yield strength of high Mg- and high Fe-containing C3 alloys 
with respect to alloy A3. 
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Figure 4.56 Changes in percent elongation of high Mg- and high Fe-containing C3 
alloys, with respect to alloy A3. 

 

 

With respect to industrial practices, the permitted use of Be should not exceed 500 

ppm. However, this amount is not sufficient to provide both the beneficial effects of Be and 

to counter the expected interactions of Be with Fe, Mg and Sr. Further investigations are 

required to arrive at a more accurate level of Be that could be applied to enhance the 

mechanical properties. 
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Figures 4.57 to 4.59 present the changes in tensile properties in the C3 alloys using 

alloy A1 as the reference alloy. 

 

 

Figure 4.57 Changes in ultimate tensile strength of high Mg- and high Fe-containing C3 
alloys, with respect to base alloy A1. 
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As may be seen, the increased Fe level in alloy C3 is the main factor that reduces 

the alloy mechanical properties. [187-180] Adding Be (C3B alloy), Sr (C3S alloy), or both 

(C3BS alloy) lowers the detrimental effect of the high Fe content on the UTS, for aging 

times greater than 6 hours. The results shown in Figure 4.57 demonstrate that adding 500 

ppm of Be, 200 ppm of Sr, or both, as well as applying solution heat treatment and aging 

steps, help to improve the UTS in such high Fe-containing alloys.  

Figure 4.58 shows that marked improvements in yield strength (~40 MPa) were 

noted for larger Mg contents, as well as with additions of Be, Sr, or both, in all heat-treated 

samples, in spite of the high Fe level. This reaffirms that yield strength is very sensitive to 

the use of alloying element additions and heat treatment. 

Percent elongation was observed to improve with aging time in the case of the high 

Mg-and high Fe-containing C3 alloys, as shown in Figure 4.59. As may be seen, percent 

elongation is mainly affected by increase in Mg content and with increasing aging time, 

regardless the addition of Be or Sr. 
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Figure 4.58 Changes in yield strength of high Mg- and high Fe-containing C3 alloys 
with respect to base alloy A1 in the corresponding conditions. 
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Figure 4.59 Changes in percent elongation of high Mg- and high Fe-containing C3 alloys 
with respect to base alloy A1. 

 

 

Using C3 alloy as the reference alloy, an examination of the effects of adding 0.05 

wt% Be, 0.02 wt% Sr, or both, on the tensile properties of the C3 alloys is shown in Figures 

4.60 through 4.62. The addition of Be, Sr or both, improves the UTS values of the solution 

treated and aged samples, as shown in Figure 4.60. 

 

 



 

 

178

As Figure 4.61 shows, yield strength is sensitive to alloying additions and heat 

treatment conditions. The yield strength decreases with increase in aging time, for samples 

that were solution heat-treated for 5 hours. Two reasons for this can be supposed: (i) a 5-

hour solution time is not enough to fully dissolve the Mg2Si, decompose the π-phase into 

the β-phase or fragment the β-phase, and (ii) increased volume fraction of Be-, Sr-, and Mg-

containing intermetallics, which may bring about a decrease in yield strength or the alloy 

mechanical properties in general. [180, 181] 

 

 

Figure 4.60 Changes in ultimate tensile strength of high Mg- and high Fe-containing C3 
alloys, with respect to alloy C3. 
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Figure 4.61 Changes in yield strength of high Mg- and high Fe-containing C3 alloys, 
with respect to alloy C3. 

 
 

 Percent elongation was not affected by the interaction of alloying elements or by the 

heat treatment parameters used, as shown in Figure 4.62. [180,181] 

 The tensile test data obtained for the various 357 alloys investigated in this study 

were presented in different formats, using alloy A1, alloy A3, and alloy C3 as the reference 

alloys, with the intention of bringing out the effects of (a) each addition/level, (b) 

interactions between added elements, as well as (c) the heat treatment conditions applied. 

The results obtained are in good agreement with those reported by other researchers. [182-184] 
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Figure 4.62 Changes in percent elongation of high Mg- and high Fe-containing C3 
alloys, with respect to alloy C3. 
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4.7 CONCLUSIONS 

Based upon the results discussed in this chapter, the following conclusions may be 

drawn: 

1. In the as-cast condition, increasing the Mg content leads to further transformation of 

the β-phase platelets to a Chinese-script π-phase, regardless of the Fe content, 

decreasing the harmful effect of the β-phase. 

2. Increasing the solution heat treatment time leads to further decomposition of the π-

phase, fragmentation of the β-phase and spheroidization of the eutectic Si, resulting 

in an improvement of the alloy tensile properties. 

3. Two mechanisms of Mg2Si precipitate coarsening were observed to take place: 

Ostwald ripening and clustering. The rate of coarsening is higher when both aging 

time and Mg content are raised. 

4. Increasing the Fe level decreases the alloy quality index (Q) values, whereas the 

addition of Mg increases the Q-values. 

5. Introducing Be, Sr, or both, improves the alloy quality index, regardless of the 

levels of Fe and Mg present. 

6. Quality index values increase with solution heat treatment time from 5 to 12 hours. 

7. Raising the Mg content leads to an increase in tensile parameters. Raising the Fe 

levels, however, leads to a drastic decrease in these properties. 

8. For the same levels of Fe and/or Mg, Be and Sr help to improve the alloy 

mechanical properties. This is more prominent at low levels of Fe with high levels 

of Mg. 
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9. Addition of Be is beneficial in the case of high Fe content in the context of reducing 

the harmful effects of Fe-phases through the formation ofAl-Fe-Be phases. 

10. In the case of alloys containing high amounts of Fe, it was observed that the 

simultaneous addition of Be and Sr has a negligible effect on tensile properties. The 

addition of 500 ppm of Be, for example, appears insufficient, considering 

interactions with other alloying elements.  

11. The role of Be is not only in minimizing Mg oxidation but in changing the Fe-

intermetallic chemistry and morphology, as reflected by the improved tensile 

properties of the Be-containing alloys. 

12. Partial modification of the eutectic Si particles by Mg and Be may contribute to 

some extent to improvements in the tensile properties. 

13. Solution heat treatment and aging time are the main parameters to consider in terms 

of controlling the alloy tensile properties. 

14. Precipitation of the Mg2Si phase was confirmed to be the main hardening agent of 

356 and 357 alloys investigated in the present work. 

15. Yield strength increases with raised Mg levels, reduced Fe levels, Be additions, Sr-

modification, solution treatment time and aging time. Increase in the YS is an 

important factor from a design point of view. 

16. The combined addition of Be and Sr, coupled with long solution times (e.g. 

12hours) at 540°C, improves the yield strength, regardless of the alloy composition. 

17. Increasing the amount of added Fe in high Mg-containing alloys improves the  

percent elongation with increase in aging time regardless the addition of Be or Sr.
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CHAPTER 5 

OPTIMIZING THE HEAT TREATMENT OF HIGH 

STRENGTH Al-Cu-Mg-Zn  ALLOYS: A PRELIMINARY 

STUDY  

 

5.1 INTRODUCTION 

The design of aerospace aluminum alloys is mainly rooted in optimizing the 

strength and ductility, both of which can be enhanced by controlling the added alloying 

elements as well as the heat treatment conditions. Aluminum-copper-magnesium-zinc (Al-Cu-

Mg-Zn) alloys belong to the 7xxx series of aluminum wrought alloys used for such critical 

applications. The Al-Cu-Mg-Zn 7075- and 7475- type aeronautical alloys were investigated 

in this preliminary study. The objective was to optimize both the heat treatment techniques 

and the strength of a 7075 alloy, whose tensile properties exceed 500 MPa, depending on 

the production procedures and heat treatment techniques applied. Moreover, these alloys 

have other favorable properties such as resistance to stress-corrosion cracking and fracture 

toughness. 

 Farhadi et al. [134, 185, 186] carried out a detailed study on the effects of small 

additions of Be and Sr on the microstructure and tensile properties of experimental 6xxx 

alloys. Their results showed that for 0.02% Be addition, the iron intermetallics precipitate 
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in the form of small, globular α-Al 8Fe2SiBe particles in the interdendritic regions. 

Combined addition of Be and Sr leads to the precipitation of α-Al 8Fe2SiBe phase as very 

fine, broken particles which markedly enhances the alloy formability. The authors also 

found that addition of 0.02% Be reduces the possibility of hot tearing during solidification 

and protects the outer surfaces of the cast test bars from oxidation during solution heat 

treatment at high temperatures. 

 This chapter is an extension of these studies [134, 185, 186]  and focuses on the 

influence of alloying elements, mainly Fe, Be, Mg, Zn and Cu, interactions and 

intermetallic phases formed during solidification as well as heat treatment conditions 

applied on the microstructure and tensile properties of Al-Cu-Mg-Zn wrought alloys. These 

variables, in turn, can affect the mechanical properties and the fracture behavior of an alloy. 

The effects of the above-mentioned parameters on the tensile properties and fracture 

behavior of the Al-Cu-Mg-Zn alloys investigated in this study will be elaborated upon. 

Adjusting the chemical composition and optimizing both the heat treatment sequence and 

parameters are the two valuable topics which will be highlighted here in the second part of 

this thesis.  

 

5.2 RESULTS AND DISCUSSION 

5.2.1 Correlation of Microstructure and Mechanical Properties 

 In the present work, the effects of alloying elements and the heat treatment 

conditions applied are explained and confirmed by the tensile properties summarized in 

Table 5.1. Based on the present results, the maximum attainable ultimate tensile strength 
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(UTS) was 580 MPa for samples of the base alloy (A alloy) subjected to single aging at 

120ºC/24h, which is normally higher than that obtained for the solution heat-treated alloy 

(429 MPa), while the minimum UTS reached was 312 MPa for samples subjected to 

retrogression and re-aging at 280ºC/8h, followed by 120ºC/24h, as a result of over-aging, 

dissolution of phases in the matrix during retrogression treatment and particle segregation 

at the grain boundaries. The best aging condition, as recommended in the literature, was 

single aging at 120ºC/24h. Compared to the base 7075 alloy (A alloy) used in the current 

study, the B alloy after homogenization and stretching displayed a UTS of 597 MPa (~600 

MPa) while, after the proposed aging process, the UTS value further increased to 980 MPa 

(~1 GPa) which renders this alloy in the category of super strong alloys. Over-aging the B 

alloy resulted in a decrease in the ultimate tensile strength and yield strength (YS) with an 

increase in the alloy ductility. Figure 5.1 displays the stress-strain diagrams obtained from 

the newly developed alloy (B alloy) under different heat treatment/aging conditions. 
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Table 5.1 Tensile properties values for alloys/conditions studied 

Alloy Code and Condition / Tensile Properties YS (MPa) UTS (MPa) El (%)  

A / Solution heat treatment (8h @ 470°C) 267 429 4.63 

A / Single aging (24h @ 120°C) 566 580 1.01 

A / Single aging (8h @ 280°C) 240 386 4.16 

A/Double aging (24h @ 120°C + 8h @ 180°C) 518 525 0.92 

A/Double aging (8h @ 180°C + 24h @ 120°C) 483 496 1.02 

A/Double aging (8h @ 280°C + 24h @ 120°C) 201 312 3.50 

B / Homogenization and stretching 495 597 3.62 

B / Proposed new aging process  970 980 1.13 

B / over-aging 597 617 3.17 

 

 

The work was extended to include a commercial 7475 alloy, the composition of 

which comprised approximately 0.03%Si, 0.06%Fe, 1.6%Cu, 2.4%Mg, 0.2%Cr, 5.8%Zn 

and 0.015%Ti, in addition to some other minor elements. The obtained stress-strain curves 

(at 10% deformation) are shown in Figures 5.1(d) and (e). As can be seen in Figures 5.1(d) 

and (e), by adjusting the alloy chemistry and heat treatment parameters, the as-received 

strength increased from 403 MPa (YS) and 463 MPa (UTS) to 774 MPa (YS) and 842 MPa 

(UTS), respectively. 
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Figure 5.1  Stress-strain diagrams obtained from experimental alloy test bars of: (a) B 

alloy after homogenization, (b) B alloy after aging, and (c) B alloy after 
over-aging, (d and e) results obtained from the modified commercial 7475 
alloy (at 10% deformation). 
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Figure 5.2 shows the equiaxed microstructure of the as-cast base alloy, and 

illustrates the different micro constituents observed therein. Figures 5.3 through 5.5 present 

the changes in the microstructure of the base alloy upon solution heat treatment in the 

temperature range 460-485°C (solutionizing time was 48h in all cases). These figures 

reveal that solution heat treatment resulted in the dissolution of the Al2Cu, Mg2Si, Mg2Zn 

and α-Fe phases. When the solution temperature was as high as 485°C, incipient melting 

took place leading to the formation of spherical pores. 

 

 
 
Figure 5.2  Optical microstructure of the base alloy in the as-cast condition: showing the 

different micro constituents: 1) Zn-, 2) Cu-, 3) Mg- and 4) Fe- rich phases. 
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Figure 5.3  Optical micrograph showing progress of the dissolution of Zn- and Cu-rich 

phases in base alloy A after 48h solution treatment at 460°C. 
 

 

Figure 5.4  Optical micrograph of base alloy sample after 48h solution treatment at 
470°C, showing the persistence of Fe-rich phases. 
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Figure 5.5  Optical micrograph of base alloy A after 48h solution treatment at 485°C 

showing commencement of incipient melting. Note the presence of 
solidified material in the interiors of the melted areas (arrowed). 

 

Figure 5.6(a) shows a backscattered image of the as-cast microstructure of the base 

alloy; a higher magnification image of the same is provided in Figure 5.6(b), where the 

AlFeCuZn phase is observed precipitated on the grain boundaries as well as within the 

grains in the form of spherical particles. Figures 5.6(c) is an EDS spectrum corresponding 

to the AlMgCuZn phase in the as-cast structure. Figure 5.7 shows another backscattered 

image of the as-cast microstructure at high magnification, where the AlFeCuZn, AlFeSi 

and AlMgCuZn phases were detected. Figures 5.7 (b, c, and d) are the EDS spectra 

corresponding to these three phases. Figure 5.8(a) shows a backscattered image of the 

microstructure of the base alloy after solution treatment; the high magnification image of 

Figure 5.8(b) reveals the presence of the α-Fe and AlFeCu insoluble phases. The EDS 

spectrum corresponding to the AlFeCu phase detected in the homogenized structure is 
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shown in Figure 5.8(c). Table 5.2 summarizes the compositions of the phases observed in 

Figures 5.7 and 5.8, which in good agreement with those reported in the literature. 

 
 

Figure 5.6 Backscattered electron images showing the micro-constituents in base alloy 
A in the as-cast condition: (a) low magnification image, note the presence of 
fine cracks in the white circle due to shrinkage; (b) high magnification 

image illustrating the details of the eutectic structure of AlMgCuZn phase- 
note that the spherical particles in the middle of the grain have the same 
composition; (c) EDS spectrum obtained from the eutectic region in (b) 

displaying strong peaks due to Al, Mg, Cu and Zn. 
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Figure 5.7  (a) Backscattered electron image of the as-cast microstructure of base alloy 
A, and respective EDS spectra corresponding to the (b) AlFeCuZn, (c) 
AlFeSi and (d) AlMgCuZn phases shown in (a). 
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Figure 5.8  (a) Backscattered electron image of base alloy A after solution heat 
treatment, (b) high magnification image showing the presence of AlFeCu 
and α-Fe intermetallic phases in the microstructure, and (c) EDS spectrum 
corresponding to the AlFeCu phase in (b). 
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Table 5.2 Identification of phases shown in various figures 

Figure    Element (at%)    Approximate Composition 

No.           

 Si Al  Fe  Cr Cu Mg Mn Zn  

5.7(a, b) 0.140 26.827 0.168  0.009 21.078 34.271 0.040 17.42 T(Al 3Cu2Mg4Zn2) 

5.8(b) 0.617 75.332 16.755  0.968 2.311 0.049 3.310 0.554 Al 3(Fe,Cu,Mn,Cr) 

5.8(b) 3.683 77.508 11.006  2.485 0.717 0.079 3.918 0.578 Al 8(Fe,Mn,Cr)2Si/Al15(Fe,Mn,Cr)3Si2 

 

 

For all microstructures studied, line scans were used to investigate the distribution 

of alloying elements before and after solution heat treatment for both the base and the B 

alloys. Figure 5.9 shows the distribution of the three common elements Mg, Cu and Zn in 

the 7075 alloy. The peaks in Figure 5.9 (a, b and c), corresponding to the Mg, Cu, and Zn 

concentrations in the as-cast sample, disappear after solution treatment, reflecting the 

optimized homogeneity of the matrix in the solution-treated alloys. Conventional and/or 

commercial heat treatment of 7075 alloy resulted in a maximum UTS of 580 MPa. 
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Figure 5.9  Line scans taken from as-cast and heat-treated samples of A alloy showing 

element distributions of (a) Mg, (b) Cu, and (c) Zn. 
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In order to arrive at a better understanding of the precipitation sequence in the 

newly developed B alloy, samples for SEM examination were cut from the tensile-tested 

bars. The polished samples were examined using a Hitachi SU-8000 FE-SEM operating at 

5kV, and equipped with an EDS system. Figure 5.10(a) is a backscattered electron image of 

an as-cast sample of the B alloy, showing a few rod-like shaped particles. These particles 

were identified as being mostly Al2Cu phase from the corresponding EDS spectrum, Figure 

5.10(b), together with some α-Fe intermetallic phase particles, Figure 5.10(c). As may be 

observed from Figure 5.11(a), most of the Al2Cu phase particles have dissolved in the 

aluminum matrix after the homogenization and quenching treatment, with fragments of α-

Fe Al15(Fe,Mn)3Si2 phase particles still present in the matrix, as seen from the EDS 

spectrum of Figure 5.11(b).  

Double aging treatment of 24h at120ºC followed by 8h at 180ºC resulted in intense 

precipitation of ultrafine particles with two distinct morphologies: spherical (encircled) and 

rod-like, due to their precipitation at two different temperatures, Figure 5.12(a). Aging the 

B alloy using the new technique resulted in a dense precipitation of the spherical particles 

throughout the matrix, Figure 5.12(b). These precipitates were mainly Al2Cu phase particles 

as confirmed by the associated EDS spectrum displayed in Figure 5.12(c). These 

precipitates are believed to be the reason for the observed high strength achieved in the new 

alloy at 120ºC/24h (580 MPa), which is normally higher than that of the solution heat-

treated alloy (429 MPa), while the minimum UTS reached was 312 MPa for samples 

subjected to retrogression and re-aging at 280ºC/8h, followed by 120ºC/24h, as a result of 

over-aging, dissolution of phases in the matrix during the retrogression treatment, and 
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segregation of some particles at the grain boundaries. The best aging condition was, as 

recommended in the literature, single aging at 120ºC/24h. Compared to the 7075 alloy, the 

base alloy in the current study, the B alloy after homogenization and stretching displayed in 

a UTS of 597 MPa (~600 MPa) while, after the proposed aging process, the strength 

increased to 980 MPa (~1 GPa) which renders this alloy in the category of a super strong 

alloy. 

 

Figure 5.10  (a) Backscattered electron image of the new alloy in the as-cast condition, 
(b) EDS spectrum corresponding to Al2Cu phase, and (c) EDS spectrum 
corresponding to α-Al 15(Fe, Mn)3Si2 phase. 
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Figure 5.11  (a) Backscattered electron image of the new alloy after solution heat 
treatment and (b) EDS corresponding to (a), showing the presence of Cu and 
Fe peaks. 

 
 

 
Figure 5.12  Backscattered electron images showing precipitation in the new alloy under 

different conditions: (a) homogenization and stretching (b) double aging 
(24h/120ºC + 8h/180ºC), and (c) EDS spectrum corresponding to (a) 
showing reflections mainly due to Al and Cu elements. 



 

 

200

5.2.2 Fractography 

The fracture surfaces of the four heat-treated samples shown in Figure 5.1 were 

examined using an FE-SEM. The backscattered image of Figure 5.13 (a) shows the fracture 

of the undissolved intermetallic phases in alloy A after applying the recommended solution 

heat treatment (see Table 5.1). The corresponding EDS spectra taken from various areas in 

Figure 13(a) revealed the following: 

(i) Dissolution of large proportions of Mg, Cu, and Zn in the aluminum matrix, 

Figure 5.13(b). [116-122] 

(ii)  Persistence of the Fe-based intermetallics, mainly the Al-Fe-Mn phase, Figure 

5.13 (c). Since these EDS spectra were generated from fractured surfaces, the 

element percentages could not be used to identify their chemical compositions 

with certainty. [187] 

(iii)  The interaction between Cu and Fe resulted in the presence of a large amount of 

undissolved Cu-based intermetallic phase particles, Figure 5.13(d). [188, 189]  
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Figure 5.13  (a) Backscattered electron image of the fracture surface of the sample 
corresponding to Figure 5.1(a), (b) EDS spectrum taken from area marked A 
in (a) revealing peaks corresponding to Al, Cu, Mg, and Zn, (c) EDS 
spectrum taken from area marked B in (a) showing reflections due to Al, Fe 
and Mn and (d) EDS spectrum taken from area marked C in (a) displaying 
peaks corresponding to Al, Cu, and Fe. 

C 

A 

B 
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Applying the new solution heat treatment resulted in the dissolution of a noticeable 

amount of the Cu-rich phases as indicated by the residual fragments in the circled areas in 

Figure 5.14(a). The presence of several cracks (blue arrows) clearly visible in the interiors 

of the undissolved intermetallic particles observed in the figure indicate the improvement in 

the alloy strength as reflected in Figure 5.1(b). The EDS spectrum taken from the area 

marked by the thick blue arrow in Figure 5.14(a) may be due to the π-phase, [190] see Figure 

5.14(b). 

 
 

Figure 5.14  (a) Backscattered electron image of the newly developed B alloy sample 
treated using the new solution heat treatment, (b) EDS spectrum 
corresponding the phase marked by thick blue arrowed showing reflections 
due to Al, Mg, Si and Fe elements. 
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Figure 5.15 (a) presents the fracture surface of the newly developed alloy after 

homogenization treatment. Large deep dimples could be seen throughout the surface with 

broken particles at their interiors. The corresponding EDS spectrum, Figure 5.15(b), reveals 

that these particles are mainly Fe-based intermetallic phases.  

 

Figure 5.15  (a) Fracture surface of new alloy after homogenization, and (b) EDS 
spectrum corresponding to the particles within the dimples in (a) revealing 
Al, Mg, Fe and Cu peaks. 
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The fracture surface of alloy A after aging for 24 hours at 120°C is shown in Figure 

5.16. The increase in the alloy strength (UTS) from 470MPa to 580MPa (see Table 5.1) 

appears to be related to the formation of an ultra-fine dimpled structure (circled in Figure 

5.16) caused by precipitation of age-hardening phases. Another important observation is 

cleavage fracture of the grains (thick white arrows) leading to the reported brittle failure of 

this alloy. Figure 5.17 presents the fracture surface of the B alloy after aging exhibiting the 

fracture of an α-Fe Chinese script phase particle, as evidenced from the associated EDS 

spectrum of Figure 5.17(b), with several cracks in its interior. The open arrow in (a) points 

to the formation of a large number of slip bands that formed during the plastic deformation 

process. [191] 

 

 
 
Figure 5.16  Secondary electron image of A alloy aged at 120°C for 24h. 
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Figure 5.17 (a) Backscattered electron image of the newly developed B alloy after aging 
and (b) EDS spectrum corresponding to the arrowed area in (a), showing 
reflections due to Al, Si, Fe and Mn. 

 

 

Although the ductility of this alloy is very low, the considerable increase in the 

alloy UTS (980 MPa) was sufficient to cause such severe deformation. Another important 

feature observed in this sample is the intense precipitation of fine particles all over the 

matrix as displayed in Figure 5.18(a). The associated EDS spectrum shown in Figure 
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5.18(b) indicates that these precipitates are mainly Mg2Si particles. However, due to the 

fact that these particles are very fine and embedded in the aluminum matrix, the 

composition of these particles could not be identified with certainty.  

The fracture surface of the aged B alloy (with UTS approximately 1GPa), Figure 

5.19(a), exhibits several cracks (arrowed) along with fine dimples compared to those shown 

in Figure 5.15(a). High magnification images revealed the presence of α-Fe in its Chinese 

script form, Figure 5.19(b), and the cleavage fracture of undissolved AlFeCu phase 

particles, Figure 5.19(c). Figures 5.19(d) and (e) show the EDS spectra corresponding to 

these two phases, respectively. 

The backscattered electron image of the fracture surface of the overaged B alloy, 

Figure 5.20(a), reveals the presence of incoherent phase particles as evident from their 

well-defined boundaries (arrowed). These particles were identified to be mainly Al2Cu 

phase as confirmed from the associated EDS spectrum shown in Figure 5.20(b). These 

Al 2Cu precipitates are believed to be the reason for the observed high strength achieved in 

the B alloy. 

The observations reported on the microstructure, mechanical properties and the 

fracture behavior of the conventional 7075 alloy (A alloy) are in satisfactory agreement 

with the findings of several researchers. [192-201] Among the more recent of these studies, 

Kaka et al. [201] have reported a UTS value of 774 MPa for the 7075-type Al-Si-Mg alloy 

investigated in their work. This value appears to be the closest (~ 80%) to the UTS value of 

980 MPa (nearly 1 GPa) obtained in the present study for the new developed B alloy. 
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Figure 5.18 (a) Backscattered electron image of the newly developed B alloy after aging 
and (b) EDS spectrum taken from the circled area in (a), revealing Al, Si, Zn 
and Mg peaks. 
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Figure 5.19 A series of secondary electron images and EDSs taken from B alloy 

following the new aging regime: (a) general view showing the presence of 
several cracks, (b) high magnification image revealing the presence of α-Fe 
phase, (c) high magnification image exhibiting the fracture of undissolved 
AlFeCu phase, (d) EDS spectrum corresponding to (b), and (e) EDS 
spectrum corresponding to (c). 
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Figure 5.20 (a) Backscattered electron image of the fracture surface of overaged B alloy 
revealing the presence of incoherent phase particles (white arrows), (b) a 
high magnification micrograph of the circled area in (a) showing the 
morphology of the precipitates, and (c) EDS spectrum corresponding to (b) 
revealing reflections due to Al and Cu. 
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5.3 CONCLUSIONS 

Based upon the results documented in this chapter, the following conclusions may 

be drawn: 

1. Solution heat treatment for 48h at 460°C and 470°C results in dissolution of Mg- and Cu 

rich phases whereas as Fe-rich phases remain in the matrix. 

2. Increasing the solutionizing temperature to 485°C causes incipient melting of the Cu-

rich phases. 

3. The use of proper additives, cold/hot deformation, homogenization and aging, as applied 

in this study, shows that 7075 alloys have the potential to reach UTS levels as high as 980 

MPa, after aging. 

4. Alloy ductility may be improved using proper casting technology. The results of this 

study indicate that modification of both alloy composition and casting technique would 

provide the means to achieve much higher percentage elongation values.  

5. The EDS spectra taken from the fracture surfaces of solution heat-treated samples 

indicated dissolution of Zn, Mg, and Cu in the aluminum matrix. In contrast, the presence 

of fragments of Fe-based intermetallic particles were also observed on the fracture surfaces, 

due to their low solubility in the matrix.  

6. The fracture surfaces of aged samples exhibited cleavage fracture due to poor alloy 

ductility. Ultra-fine dimples were also observed caused by the precipitation of a mixture of 

fine particles, mainly Al2Cu, Mg2Si and MgZn2. 
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7. The observed marked increase in the alloy strength through adjusting the alloy chemistry 

and heat treatment may be attributed to the dense precipitation of ultrafine particles of 

Al 2Cu phase distributed uniformly throughout the matrix. 

8. Adjusting the chemical composition of the 7075 alloy with proper casting and heat 

treatment techniques, the alloy could reach 1GPa with at least 5-8% elongation.  

 

 

 

 

 

 

 

 

 

 

 



 
 

 

 
 

RECOMMENDATIONS FOR FUTURE WORK 

 

In order to arrive at a complete understanding of the effects of Be, Sr, Fe and Mg 

interactions on the microstructure and mechanical properties of aluminum-based 

aeronautical alloys, the following may be suggested: 

1- Determining the exact formation temperature of the new observed eutectic reaction 

in Be-containing alloys using Differential Scanning Calorimetric analysis. 

2- More experimental work may be required to arrive at a clear understanding 

of Mg2Si clustering and coarsening during the aging process. 

3- Mathematical treatment of the obtained tensile results using Minitab, MATLAB and 

SigmaPlot softwares. 

4- Elaborating on the new technology of the production of super strength aluminum 

alloys to make it applicable on an industrial scale through adjustment of the casting 

and deformation processes.  
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